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ABSTRACT

Preparation history and processing have a crucial influence on which configurational state material systems assume. Glasses and nanocrystalline
materials usually reside in nonequilibrium states at room temperature, and as a consequence, their thermodynamic, dynamical, and physical
properties change with time—even years after manufacture. Such changes, entitled aging or structural relaxation, are all manifestations of paths
taken in the underlying potential energy landscape. Since it is highly multidimensional, there is a need to reduce complexity. Here, we demon-
strate how to construct a one-dimensional pathway across the energy landscape using strain/volume as an order parameter. On its way to equi-
librium, we map the system’s release of energy by calorimetry and the spectrum of barrier heights by dilatometry. The potential energy of the
system is reduced by approximately kBT during relaxation, whereas the crossing of saddle points requires activation energies in the order of
1 eV=atom relative to the energy minima. As a consequence, the system behaves as a bad global minimum finder. We also discovered that
aging is accompanied by a decrease in the non-ergodicity parameter, suggesting a decline in density fluctuations during aging.

© 2020 Author(s). All article content, except where otherwise noted, is licensed under a Creative Commons Attribution (CC BY) license
(http://creativecommons.org/licenses/by/4.0/). https://doi.org/10.1063/1.5141525

I. INTRODUCTION

It is widely recognized that disordered solids, such as amor-
phous or nanostructured materials, are not in equilibrium relative
to a laboratory time scale. As a consequence, their thermodynamic,
dynamic, and physical properties change with time—even years
after the time of manufacture. This change in properties with time
far from equilibrium is termed aging or structural relaxation.1,2 The
latter term suggests that the underlying microscopic processes
cause configurational rearrangements in the system, which result in
changes in state variables (e.g., volume, enthalpy) as well as physical
properties.2 It is well established that both kinetic and thermody-
namic properties of a system depend on its potential energy Φ,3,4

which is a function of the configuration of the system. It is character-
ized by the positions of all N constituting particles (atoms, molecules,
etc.), represented by N independent position vectors ~r1, . . . ,~rN .
These vectors span the 3N-dimensional configuration space, in which
each specific configuration (arrangement of particles) is represented

by a single point. Expanding this configuration space by the addi-
tional dimension of potential energy, the latter can be represented
as a hypersurface in a (3N þ 1)-dimensional space. The rugged
character of such hypersurfaces inspired the potential energy
landscape (PEL) paradigm to emphasize the relevance of the
topographic features of these hypersurfaces, that is, inherent
structures, basins, saddle points, and metabasins.5,6

The term inherent structure is assigned to local minima configu-
rations of the PEL with respect to variations in the particle coordi-
nates. A considerable reduction of the complexity of the PEL is
achieved by partitioning the configuration space into nonoverlapping
so-called basins of attraction, one for each inherent structure.
Partitioning is obtained by the steepest descend mapping on the Φ
hypersurface.4 This means that an initial configuration of the N parti-
cles evolves along a steepest descend pathway or trajectory downward
on the Φ hypersurface until all forces (gradients in Φ) vanish at a
configuration of mechanical equilibrium. The corresponding unique
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inherent structure j is represented by the point at the minimum on
the Φ hypersurface and its basin encompasses the set of all configura-
tions that converge on the inherent structure j.6

The shared boundaries between neighboring basins
[(3N � 1)-dimensional hypersurfaces] contain vanishing-gradient
saddle points, which manifest transition states that separate the
inherent structures. Structural relaxation kinetics typically involves
thermally activated crossing of saddle points between neighboring
basins. The energy difference between saddle points and the inher-
ent structure defines the height of the energy barriers that separate
these basins.6

The organization of adjacent basins into a larger valley is
termed metabasin as schematically shown in Fig. 1. The energy
barriers that have to be crossed to escape from the bottom of a
metabasin are substantially larger compared to intra-metabasin
barriers.6

The concept of potential energy landscape has been widely
used to study relaxation, aging, and rejuvenation phenomena in
supercooled liquids and glasses.5,7–11 Aging/structural relaxation is
a general phenomenon; therefore, it is not restricted to the glassy
state but should be found in all kinds of disordered bulk materials
irrespective of their chemical nature and of their atomic structure
or microstructure.12 From this perspective, we recently started to
study structural relaxation in nanocrystalline Pd90Au10 by exploit-
ing strain/volume release as an order parameter that accompanies
the system’s pathway/trajectory across the landscape. We found
that the trajectory toward global equilibrium involved a spectrum
of activation energies (barrier heights) to surmount the transition
states.13

It is the goal of this study to also access—in addition to the
activation energies—the energy of inherent structures traversed by
the trajectory of the system on the PEL toward global energy
minimum. Bringing together the information about transition
states as well as local energy minima, curvature, and asymmetry of
basins, it becomes feasible to map out relevant aspects of the

topography of the PEL. In order to make the PEL concept applica-
ble to laboratory experiments, it is required to introduce appropri-
ate variants of the constant-volume and temperature-independent
potential energy functions discussed so far. Moreover, the informa-
tion extracted from experiments asks for adapting the PEL concept
to a one-dimensional data basis.

II. MAPPING THE ENTHALPY FUNCTION

To define terminology and the scope of what remains to be
done, we refer to Fig. 2. The displayed diagram,13 inspired by the
canonical glass-science diagram,14 illustrates how extensive quanti-
ties of nanocrystalline (NC) materials,15 such as enthalpy, entropy,
and volume, are related to temperature. The crystalline ground state
entails genuine reversible behavior in all regimes I, II, and III below
the melting temperature Tm, thus providing a well defined reference
state for measuring enthalpy differences.

Regime I represents a multitude of configurationally frozen and
far out of equilibrium states of NC materials at different levels of
enthalpy (volume, entropy, etc.). Below temperature Tcf , the materials
behave essentially reversible. The amount of stored excess enthalpy—
relative to the crystalline reference state—depends on the details of
preparation and processing conditions. Two prominent synthesis

FIG. 1. Schematic plot of the potential energy Φ along a representative path
through the configuration space to visualize the terms basin and metabasin.

FIG. 2. Schematic of the evolution of state variables: enthalpy H, volume V ,
and entropy S of a nanocrystalline material as a function of temperature.
Reproduced from Deckarm et al., J. Appl. Phys. 126, 205102 (2019), licensed
under a Creative Commons Attribution (CC BY 4.0) license. The nanocrystalline
states manifest elevated energies compared to the crystalline reference state.
The green arrows indicate distinguished synthesis routes enabling to enter the
nanocrystalline domain, either by energizing (top-down) or de-energizing
(bottom-up) bulk or atomic/molecular material states; the arrowheads symbolize
the direction, however, are not meant to mark specific enthalpy values of nano-
crystalline states. For details about the different regimes (I–III), we refer to the
text.
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strategies are indicated in Fig. 2: the bottom-up route, starting from
individual atoms or molecules and forming nanoscale structures by
condensation reactions,16 and the top-down approach which is based
on energizing and refining the microstructure of coarse-grained
material states.17

Increasing the temperature above Tcf into regime II goes along
with a reduction of free energy which involves enthalpy release
through structural relaxation18–20 and, in general, grain growth that
is dominating enthalpy release in regime III.21,22 In NC metals, a
strict separation of these processes generally fails.21 Nevertheless,
we can identify time–temperature settings, which allow one to study
structural relaxation dynamics at practically constant grain size. In
this regime, located in between Tcf and TGG, we have recently
modeled the kinetics of volume relaxation in NC Pd90Au10 by parti-
tioning the overall process into a set of independent and parallel
reactions for arbitrary time–temperature protocols.13 As a key result,
we found that the intrinsic relaxation dynamics is heterogeneous—
different from the commonly assumed stretched-exponential behav-
ior23,24—and is characterized by a spectrum of Gibbs free energies of
activation that are required to surmount the energy barriers the
system encounters along its trajectory on the PEL.

In order to make the PEL concept applicable to laboratory
experiments, it is necessary to introduce variants of the potential
energy function Φ. We begin with the potential enthalpy ΦH.
While Φ refers to constant-volume scenarios, ΦH ¼ Φþ PV classi-
fies constant pressure P inherent structures and basins on its corre-
sponding ΦH hypersurface by isobaric steepest descent mapping.6

In experiments, we couple the system to pressure and temperature
reservoirs at fixed mole numbers of particles so that the connection
to thermodynamics asks for the Gibbs free energy. We note that with
increasing temperature, vibrational displacements away from the
inherent-structure configurations become larger and eventually
anharmonic contributions become significant. For isothermal-isobaric
conditions, the Gibbs potential can be written as G ¼ ΦH þ Nfvib,
where fvib represents a mean vibrational free energy per particle in
the ΦH ensemble, including all anharmonic effects. This particular
expression for G is perfectly adapted to the PEL concept since it sepa-
rates purely configurational aspects through ΦH from purely vibra-
tional aspects taken into account by fvib.

6

In laboratory experiments, such separation does not hold.
It is the Gibbs free energy formulated in Callen’s approach25

G(T , P, N , AGBa) ¼ H � TSþ γAGB, which enables to analyze the
energetics of our NC material system; here S denotes the entropy,
AGB the overall interface/grain boundary (GB) area, and
γ ¼ @G=@AGB, taken at fixed T , P, N , defines the intensive inter-
face or GB free energy. In this approach, we assume that energy
changes associated with structural changes are entirely represented
by the (γAGB)-term. In contrast to the above ΦH scenario,
H(S, P, N , AGBa) designates the enthalpy which also comprises
vibrational contributions. Experimentally, we determine enthalpy
differences ΔH between different material states. However, in
Fig. 3, the potential enthalpy difference ΔΦH between neighboring
inherent structures is displayed, and the energy barrier height is
denoted by ΔG*. Although we consider only differences, ΔΦH = ΔH
because computing differences in ΔH corresponds to material states
which in general exhibit different specific heat cp values. As a result,
ΔH � ΔΦH � Ð Δcp(T) dT. Or in other words, when we determine

ΔH by calorimetry through heat exchange ΔQ ¼ ΔH, we extract a
lower bound value for ΦH since Δcp(T) , 0.26

The experimentally prescribed isothermal-isobaric condition
in conjunction with a fixed particle number implies that, in the one-
dimensional energy representation in Fig. 3, the Gibbs free energy G
must be a constant for any basin. However, its absolute value scales
with the minima of PEL basins, and as a consequence, interbasin
transitions may involve changes in G. Whenever ΔG , 0, it acts as a
driving force for each interbasin transition, the sequence of which
represents the path on the PEL toward global energy minimum. We
approximate ΔG � Δ(γAGB) ¼ AGBΔγ þ γΔAGB. The first term on
the RHS represents a decrease in γ at constant AGB which complies
with the notion of GB relaxation, where the core structure of GBs
transforms from a nonequilibrium to equilibrated structure. The
second term involves grain growth implying decreasing AGB at basi-
cally fixed γ. We note that, in experiments, ΔH differences are mea-
sured; therefore, we have only access to the enthalpic part γH of the
grain boundary free energy γ, which is, however, by far dominating
γ since its entropic part γS ¼ �@γ=@T contributes with approxi-
mately 10�4 J=m2 K.27,28

It seems appropriate to discuss the (AGBΔγ)-term in some
more detail. In NC metals, the crystal lattices of nanocrystals and
their conjoined GBs are in mechanical equilibrium requiring that
the absolute values of the components of the stress tensor σ ij are
continuous across the interfaces. Because of the reduction of the
effective elastic moduli of GBs relative to the grain interior,29,30

they are subjected to higher effective strains εij and thereby capable
of storing higher energy densities w ¼ σ ij εij than the grain interior.
Moreover, molecular dynamics simulations reveal the presence of
inhomogeneous strain concentration in the near vicinity of inter-
faces.31,32 We may, therefore, assume that the enthalpy release in
regime II is dominated by interfacial relaxation dynamics, which
mainly involves the structural rearrangement in the core region of

FIG. 3. Schematic plot of the potential enthalpy ΦH (black line) along a path
through the configuration space. The transition from the left to the right basin
requires overcoming the barrier height ΔG� and results in a potential enthalpy
release ΔΦH. The Gibbs free energy in both basins is indicated in red.
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GBs. However, mechanical coupling of interfacial relaxation to the
abutting nanocrystals cannot be ruled out. Likewise, strain energy
associated with the presence of defects (dislocations, stacking faults,
twins, excess vacancies) in the interior of nanocrystals may also
affect the relaxation dynamics.

For comparison with pertinent literature data, we, neverthe-
less, compute interfacial energy changes by attributing the mea-
sured enthalpy release upon GB relaxation to the corresponding
total GB area. However, we like to point out that for construction
and interpretation of the PEL, we have to refer to more general
molar/volume averaged quantities since we have no information on
the number and locations of relaxing atoms. Finally, we note that
working with molar/volume averaged quantities offers the advan-
tage to determine the curvature at the bottom of potential energy
basins by measuring ultrasound propagation and extracting elastic
constants. Regardless of whether the samples represent material
states in the different regimes I–III, they behave statistically iso-
tropically, and hence the determination of curvature reduces to
measure bulk and shear modulus.

Regarding terminology,2 we use the term annealing in its most
general sense, that is, any time–temperature processing of specimens
at elevated temperatures. This includes the commonly used isother-
mal and constant heating/cooling rate methods, as well as combina-
tions thereof and nonlinear heating/cooling. During annealing, we
measure the time evolution of enthalpy or volume (length) release.
Processes that contribute to free energy reduction are commonly
labeled enthalpy recovery, (physical) aging or (structural) relaxation.
In this article, we will use the term structural relaxation and aging
synonymously.

III. MATERIALS AND METHODS

A. Sample synthesis and preparation

The NC Pd90Au10 samples were synthesized by inert gas con-
densation16 (IGC) using an ultrahigh-vacuum system (base pressure
of 10�7 mbar) and thermal evaporation of high purity Pd and Au
wires in a 6mbar helium atmosphere. The nanocrystalline powder
was subsequently transferred to a piston and anvil device and com-
pacted under high vacuum (,10�6 mbar) at a pressure of 1:8GPa
for a time period of 30 s to obtain disk-shaped samples (pellets)
with a diameter of 8mm, a thickness of 500–600 μm, and an initial
grain size of �10 nm. For the studies presented in this paper,
a single inert gas condensed pellet was synthesized and then
cut—analog to Ref. 13—into four square pieces with an edge length
of 2mm and located around the pellet center; cutting was per-
formed with a precision saw (Buehler Isomet 1000) equipped with a
diamond blade.

IGC-prepared NC metals are distinguished by a random
texture and a random interface orientation distribution function,33

basically equiaxed grain shape and a lognormal grain size distribu-
tion function.34 Hence, they can be considered prototypical random
polycrystals, however, with enhanced localized stress and strain fluc-
tuations due to the initial incompatibility of abutting crystallite
shapes. Therefore, they seem predestined candidate materials to
study nonequilibrium relaxation and related physical aging phenom-
ena; the presence of pronounced anisotropies (texture) and/or mac-
roscopic inhomogeneities would tremendously complicate the task.

B. Dilatometry

The macroscopic length change during thermal annealing was
measured using a Netzsch TMA402 Hyperion dilatometer with a
temperature range from �150 �C to 1000 �C. The specimens were
positioned on a silica sample holder and contacted by a push rod
with a circular contact area of 1 mm diameter by applying a force
of 50 mN. Thermal expansion of the silica sample holder was
corrected automatically via the built-in calibration function of the
Netzsch Proteus Analysis software. Furthermore, the reversible
thermal expansion of the NC material was estimated by linear
thermal expansion with a mean expansion coefficient hαi and sub-
tracted from the measured length change in order to extract the
irreversible length change only. In detail, the mean expansion coef-
ficient hαi was averaged over the initial linear expansion of the
as-prepared (ap) samples close to room temperature (below 26 �C),
which resulted in αap ¼ 12:9(5)� 10�6 K�1, and the linear cooling
segment after relaxation, which yielded αrel ¼ 12:0(1)� 10�6 K�1 in
the relaxed (rel) state. As a result, we obtain hαi ¼ 12:5� 10�6 K�1.
Since thermal expansion is a direct consequence of the asymmetry of
the interatomic interaction potential, the decrease of α as a conse-
quence of relaxation indicates a reduction of said asymmetry.
Moreover, the thermal expansion coefficient after relaxation αrel shows
good agreement to the value for the conventional coarse-grained (cg)
material of the same composition αcg ¼ 12:0(1)� 10�6 K�1 reported
in Ref. 35. After the correction of the reversible thermal expansion,
the remaining irreversible length changes ΔL were related to initial
length L0 in the measuring direction to obtain the corresponding engi-
neering strain ε ¼ ΔL=L0.

C. Calorimetry

In addition to dilatometry, samples were analyzed with respect
to stored specific enthalpy by calorimetry using a DSC Q2000 dif-
ferential scanning calorimeter from TA Instruments (temperature
range from –90�C to 550�C). We performed two scans following
each other immediately by using the same time–temperature
protocol. The specific heat flux signal of the second measurement
then served as a baseline and was subtracted from the first
measurement to exclusively obtain the signature of irreversible
processes. Enthalpy changes were calculated by integrating the
specific heat flux difference over time. For error estimation, we ana-
lyzed the zero line drift in the respective annealing mode and tem-
perature range to obtain an enthalpy error per integrated second
which was multiplied by integration time. In parallel to dilatometry,
the time–temperature protocols for the different experiments are
introduced in Sec. IV.

D. Microstructural characterization

The grain size in the NC regime was determined by XRD
measurements using a Panalytical X’Pert Pro diffractometer in θ–θ
geometry equipped with a Cu-cathode and a PIXcel-1D detector.
X-ray spectra covering a 2θ-range from 30� to 140� were recorded
with 0.026� step size and 480 s measuring time per step. After
fitting the peaks with Pearson VII functions in the Panalytical
HighScore software, the volume-weighted average grain size hDivol
was determined by the Klug and Alexander method as described in

Journal of
Applied Physics ARTICLE scitation.org/journal/jap

J. Appl. Phys. 127, 125115 (2020); doi: 10.1063/1.5141525 127, 125115-4

© Author(s) 2020

https://aip.scitation.org/journal/jap


Refs. 36 and 37. After grain growth, the grain size was analyzed by
electron backscatter diffraction (EBSD) and orientation imaging
microscopy (OIM) using a SEM 7000F from Jeol in combination
with an EDAX/TSL digiview 3 camera.

The bulk density ρbulk, i.e., the density of the sample including
closed porosity, was determined by the method of Archimedes.38

Therefore, a microbalance Sartorius R160P with a resolution of
0.01 mg was used to measure the mass of the samples in the
reference media air and diethyl phthalate (DEP). Each mass was
determined ten times in both media and averaged for density
calculation.

A further microstructural parameter in this work is the overall
GB area AGB of the specimen. For the GB area per unit volume of
crystal, AGB=V , stereology delivers the identity AGB=V ¼ 2=hLiarea,
where hLiarea denotes the area-weighted average column length of
the grains. As derived by Krill and Birringer,34 hLiarea can be com-
puted when hDivol and the width σ of the lognormal size distribu-
tion are known, and hence, it results in

AGB ¼ m
ρbulk

� 3
hDivol

exp ln2 σ
� �

, (1)

where volume V was replaced by the quotient of sample mass m
and bulk density ρbulk. For σ, we use a value of 1.7 that is a charac-
teristic for IGC-prepared samples.34

E. Mechanical properties

To determine the elastic moduli, the samples were coupled to
a 20MHz ultrasonic transducer (Panametrics V2173), capable of
simultaneously transmitting longitudinal and transversal waves.
The pulse-echo patterns of the waves were monitored using a
LeCroy Wave Runner 6051 digital oscilloscope, and the time of
flight can be computed applying the pulse-echo-overlap method.39

The velocities for longitudinal and transversal waves, vl and vt,
are given by v ¼ 2d=t, where d is the specimen thickness, measured
by a micrometer screw, and t is the respective time of flight.
Assuming a quasi-isotropic material and linear elasticity, the shear
modulus G and bulk modulus B can be determined according to
the relations29,40

G ¼ ρbulk v
2
t , (2)

B ¼ ρbulk
3

(3v2l � 4v2t ), (3)

with the sound velocities and the bulk density ρbulk as input
parameters.

The plastic behavior was probed by Vickers hardness measure-
ments performed on a Frank Durotest 38151 testing device, where a
force of 980mN (HV 0.1) was applied for 30 s for each indent. The
given hardness values represent the arithmetic mean of nine indents
taken on the front and back sides of the sample, respectively.

IV. RESULTS AND DISCUSSION

To investigate the influence of thermal annealing on micro-
structure and mechanical properties and finally to map pathways

across the PEL, we examined two of the square pieces from the
central section of the pellet. First, these two specimens named C1
and C2 were characterized in their as-prepared state regarding
grain size, density, elastic constants, and Vickers hardness. The
obtained results are summarized in Table I. In the next step, C1
was relaxed in the calorimeter (DSC) and C2 in the dilatometer
(DIL). In both cases, the time–temperature protocol comprises a
heating ramp from 20 �C to 117 �C with a nominal heating rate of
5 K/min and an isotherm at 117 �C for 98 h in the DIL and 12 h in
the DSC, respectively. The different choice of relaxation times is
owed to the higher sensitivity of the dilatometer (integral method)
relative to the calorimeter (differential method), an issue that will
be discussed in more detail later in this section. The recorded heat
flux and irreversible length change are shown in Figs. 4(a) and 4(c),
and the strain and enthalpy release are listed in Table II. After the
relaxation, microstructure and mechanical properties of samples C1
and C2 were characterized again and the extracted results are also
summarized in Table I.

To study the influence of grain growth on the material
behavior, we heated both samples after relaxation to temperatures
high enough to ensure that coarsening occurs.41 This second
annealing step was again performed in the DSC (sample C1) and
the DIL (sample C2) and consisted of a heating ramp with a
nominal heating rate of 5 K/min for 60 min. In this case, the time–
temperature protocol was also carried out twice in the DIL, and the
signal of the second measurement served as a reference to correct
the thermal expansion of specimen C2 during continuous heating,
so ensuring that only irreversible changes are considered. The spe-
cific heat flux and length change recorded during the high temper-
ature annealing are shown in Figs. 4(b) and 4(d) together with the
respective evolution of sample temperature. The corresponding
strain and enthalpy release are listed in Table II. Finally, both
samples were characterized again and the results are also included
in Table I. An inspection of the microstructure by means of EBSD
and OIM revealed grains in the order of several tens to hundreds of
micrometers, confirming that grain growth engendered a coarse-
grained polycrystalline microstructure.

TABLE I. Results of microstructural and mechanical characterization of samples C1
and C2 in the as-prepared (as-prep.), relaxed, and coarse-grained (coarse) state:
grain size ⟨D⟩vol, bulk density ρbulk, elastic moduli G and B and Vickers hardness
HV. The last line corresponds to a conventional Pd90Au10 sample solidified by arc
melting and the values for G, B, and HV are taken from Ref. 30, where the theoreti-
cal density of 12.95 g/cm3 was used to calculate the elastic constants.

Sample State
⟨D⟩vol
(nm)

ρbulk
(g/cm3)

G
(GPa)

B
(GPa)

HV
(GPa)

C1 (DSC) As-prep. 10 (4) 12.07 (4) 35 (1) 129 (5) 3.34 (4)
C2 (DIL) As-prep. 10 (3) 11.94 (4) 34 (1) 125 (5) 3.31 (5)

C1 (DSC) Relaxed 12 (4) 12.33 (5) 38 (1) 152 (3) 4.17 (6)
C2 (DIL) Relaxed 12 (3) 12.36 (5) 39 (1) 155 (2) 4.13 (4)

C1 (DSC) Coarse >10.000 12.58 (4) … … 2.46 (4)
C2 (DIL) Coarse >10.000 12.59 (4) 48 (2) 167 (12) 2.32 (5)

Reference Solidified >10.000 12.95 46 (2) 190 (18) 0.636 (6)
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For comparison, the two other pieces cut from the center of
the pellet were heated with a rate of 5 K/min for 60 min in the DSC
(sample C3) and the DIL (sample C4) subsequent to the prepara-
tion process. The recorded strain and enthalpy release, including
both relaxation and grain growth, are also listed in Table II.
Furthermore, the microstructural and mechanical properties of a
conventional coarse-grained sample of the same chemical

composition prepared by arc melting are reported as reference data
in Table I.

A. Dilatometry and calorimetry

Before addressing the issue of reconstructing the PEL along
the relaxation and grain growth path, it seems in order to discuss
the recorded thermal, microstructural, and mechanical data sets in
more detail. In the following, subscripts are used to denote proper-
ties in the as-prepared (ap), relaxed (rel), and coarse-grained (cg)
state. Quantities that are assigned to a transition between two of
these states are indicated by a subscript consisting of initial and
final states separated by a right arrow.

Starting with the relaxation of specimen C1 in the calorimeter,
we notice that the specific heat flux signal [Fig. 4(a)] shows only a
detectable enthalpy release during the first hour of relaxation.
In contrast, the length reduction of sample C2 in Fig. 4(c) does not
saturate after isothermal annealing for 98 h at 117 °C. This finding
can be understood when recalling that the DSC method detects the
rate of enthalpy change (heat flux), which sets limits to the resolu-
tion of enthalpy change. As soon as the relaxation rate becomes so

FIG. 4. Specific heat flux and length change induced by thermal annealing: specific heat flux recorded during (a) relaxation and (b) grain growth of specimen C1 and mea-
sured strain ε of sample C2 during (c) relaxation and (d) grain growth.

TABLE II. Summary of strain ε and enthalpy ΔH releases during relaxation and
grain growth of sample C1 and C2. The last row contains the results of the heating
process performed on samples C3 and C4 including relaxation and grain growth.
Furthermore, the corresponding change ΔγH or value of the grain boundary energy
γH is tabulated.

Process Sample ε (%)
ΔH
(J/g)

ΔH
(meV/atom)

ΔγH or γH
(J/m2)

Relaxation C1/C2 −1.11 2.95 (5) 3.5 (1) ΔγH = 0.09 (4)
Grain growth C1/C2 −0.45 13.4 (5) 16.1 (1) γH, rel = 0.5 (2)
Relaxation and
grain growth

C3/C4 −1.4 19 (1) 22.8 (1) γH, ap = 0.9 (2)
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slow that it evades the sensitivity limit of heat flow detection, any
change in enthalpy remains undetected even independent of the
extent of the recoverable enthalpy.

Consequently, the enthalpy values extracted from DSC mea-
surements manifest lower bound values for enthalpy release and
hence enthalpy change associated with structural relaxation pro-
cesses. The dilatometer, on the other hand, represents an integral
measurement technique, which relies on measuring the evolution
of absolute length and, therefore, integrating by design over all past
length changes. Thus, DIL is perfectly adapted to study very slow,
time-spread phenomena.

During the second annealing with a continuous heating rate,
the recorded signals in Figs. 4(b) and 4(d) do not show any signa-
ture in the temperature range below 125 �C, where structural relax-
ation elapsed at basically constant grain size. Beyond 160 �C,
however, we measure a length reduction accompanied by a simulta-
neous enthalpy release. Unlike above, this process entails a signifi-
cant increase in grain size up to several tens or even hundreds of
micrometers, which is equivalent to an almost complete annihila-
tion of the overall GB area. We, therefore, conclude that the intro-
duced two-stage annealing protocol enables studying structural
relaxation behavior (almost) independent of grain growth.

The enthalpy releases induced by relaxation or by grain growth
are determined by integrating the exothermic peaks of both processes
in Figs. 4(a) and 4(b). The so acquired enthalpy values are included
in Table II. Based on the observation that the grain size is practically
constant during relaxation, we can use the corresponding enthalpy
release ΔHap!rel to calculate the change in the grain boundary
energy ΔγH associated with the relaxation of nonequilibrium GBs
according to ΔγH ¼ ΔHap!rel=AGB,ap ¼ 0:09 (4) J=m2.

We note that ΔHap!rel and hence ΔγH are lower bound values
due to the above mentioned peculiarity of the DSC measurement
method when applied to (very) slow relaxation processes. This
restriction of measuring enthalpy changes is of fundamental
nature. The only way of circumventing this restraint is by speeding
up the relaxation dynamics and thereby increasing the heat flow.
However, a straightforward prescription of how to enhance heat
flow is missing since kinetic modeling of the relaxation behavior,
discussed in detail in Paper I,13 clearly demonstrated the absence of
time–temperature superposition. It implies that the reduction of
the relaxation time by increasing the temperature with the goal of
reaching an equivalent enthalpy state does not obey a simple rela-
tion. More importantly, the range of available annealing tempera-
tures should not exceed the temperature for the onset of grain
growth, thus further limiting the achievable increase in heat flow.

The enthalpy release during grain growth ΔHrel!cg allows
one to compute the GB energy of the relaxed boundaries
γH,rel ¼ ΔHrel!cg=ΔAGB ¼ 0:5 (2) J=m2, where the accompanying
change in GB area ΔAGB ¼ AGB,rel � AGB,cg can be approximated
by ΔAGB � AGB,rel for coarsening from �12 nm to grain sizes in
the order of several tens to hundreds of micrometers. Due to the
constantly increasing temperature [cf. Fig. 4(b)], grain growth
occurs much less sluggishly than relaxation and so contributes to
more accurate, although not quite as precise, values for ΔHrel!cg

and γH,rel.
Taking advantage of improved accuracy through continuously

raising the temperature, an alternative way to determine ΔHap!rel

suggests itself, namely, by extracting ΔHap!rel from the difference
ΔHtot � ΔHrel!cg, where ΔHtot represents the total enthalpy release
associated with structural relaxation as well as grain growth.
Continuously heating an as-prepared sample (sample C3) with a
heating rate of 5 K/min for 60 min delivers the total enthalpy
release ΔHtot, also listed in Table II. As a result, we obtain
ΔHap!rel ¼ 5:6 J=g, a value which is significantly larger than the
lower bound value of 2:95 J=g determined from only relaxing
sample C1 (Table II). We conclude that ΔHap!rel ¼ 5:6 J=g more
realistically reflects the highly nonequilibriated nature of the GB
network in the as-prepared state. This assertion is also reflected by
the computed value for γH,ap ¼ ΔHap!cg=ΔAGB,ap ¼ 0:9 (2) J=m2,
which is almost twice as large as γH,rel ¼ 0:5 (2) J=m2.

Clearly, relaxation as well as grain growth correlate with a
distinct length decrease represented by the evolution of negative
irreversible strain over time. Two aspects are especially noteworthy:
first, the strain evolution during relaxation does not yet seem to
approach a steady state, although it is decelerating (note the loga-
rithmic x-coordinate). Second, the strain caused by structural relax-
ation is much larger than that originating from grain growth. This
finding suggests that the excess volume stored in the as-prepared
state is not simply a consequence of the large GB area, but, in
particular, reflects the nonequilibrium character (structural and
energetic) of those GBs. Taking this assertion for granted, the
observed evolution of negative strain during relaxation should man-
ifest a one-dimensional signature of the depletion of the frozen-in
positive volumetric strains or excess volume.42,43 In fact, this claim
can be directly tested by measuring the density ρbulk of samples C1
and C2 in the as-prepared, relaxed, and coarse-grained state so pro-
viding direct information on the content of free volume in the
respective samples (see Table I). As a result, the bulk density
increases during relaxation as well as grain growth, indicating a
negative volume strain in both cases. In agreement with the DIL
measurements, the density increase of 3.5% during relaxation is
much larger than the increase of 1.9% caused by coarsening; the
latter can be attributed to the nearly complete reduction of the
grain boundary area.

Assuming that the material behaves perfectly isotropically so
that the relative shrinkage through thermal annealing is identical in
all three dimensions, one can also compute density changes based
on the measured one-dimensional strains given in Table II. This
results in a density increase of 3.4% for relaxation which compares
favorably to a 3.5% increase measured by the Archimedes method,
thus validating the assumption of statistical isotropy. As a matter of
fact, strain isotropy is a characteristic feature of volume strain. On
the other hand, we computed a density increase of 1.3% for grain
growth by dilatometry compared to 1.9% by the Archimedes
method, indicating that statistical isotropy is not strictly obeyed in
this case. As a result, we, nevertheless, conclude that structural
relaxation of IGC-prepared NC metals entails statistically isotropic
changes of material properties.

We now pursue a contrasting juxtaposition of calorimetry
(enthalpy/GB energy) and dilatometry (strain) data (cf. Fig. 4 and
Table II). The most striking aspect of this juxtaposition is the obser-
vation that the larger length and volume reduction during relaxation
(ε ¼ �1:11%) corresponds to the respective smaller enthalpy/GB
energy change (ΔHap!rel ¼ 5:6 J=g) and vice versa in the case of
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grain growth (ε ¼ �0:45% and ΔHrel!cg ¼ 13:4 J=g). In other
words, there is no simple correlation between change in energy and
concomitant strain, as one might expect from, e.g., linear elasticity
theory, where energy density is proportional to strain squared.

To reconcile this conflict, we argue that the material contains
kinetically frozen-in nonequilibirum configurations, dominated
by nonequilibrium GBs, which represent high energy inherent
structures. Annealing provides the thermal energy to overcome the
potential energy barriers, so driving the system toward equilibrium
by virtue of relaxation and grain growth. This evolution entails
local displacements and rearrangements of atoms on atomic length
scales. The fact that relaxation as well as grain growth can be
stopped practically instantaneously at any time by lowering the
temperature suggests the existence of many closely spaced inherent-
structure basins in a configuration space. This seems plausible since
the count of distinguishable inherent structures Ω scales as
ln(Ω)/ N .6 The puzzling evolution of strain and energy release
discussed above can be reconciled by presuming that relaxation
manifests relatively large macroscopical (negative) volume strains
in conjunction with comparably small inter-basin energy differ-
ences. The opposite is true for grain growth.

As a corollary to the above reasoning, we recommend that
volume strain is, in the present case, the most natural and accessi-
ble choice for a one-dimensional order parameter to describe the
PEL. Obviously, a single order parameter is not able to fully
capture the complex structural changes of the system during relaxa-
tion and/or grain growth, even at a macroscopic level. For example,
volume preserving shear strains or mutually canceling local volume
strains will not be probed by an overall volume strain. However, we
are not aware of any better or complementing choice for an order
parameter that relies on experimentally observable quantities.

Our goal of reconstructing an effective path through the PEL
in terms of strain as order parameter requires information about
barrier heights and basin/metabasin minima. We will demonstrate
that the calorimetry data [cf. Figs. 4(a) and 4(b)] can be used to
deduce the change in the enthalpies of the inherent structures
along the relaxation and grain growth path. Likewise, we will show
how the DIL data for relaxation and grain growth displayed in
Figs. 4(c) and 4(d) allow one to extract the different barrier heights
along the path as a function of strain release. We can take the anal-
ysis even a step further and estimate the change in the curvature of
the bottoms of the basins. We first digress into this issue
(Subsection IV B) to then proceed with the reconstruction of the
PEL (Subsection IV C) based on the DSC and DIL data.

B. Elastic constants

We will present here a method to characterize the curvature of
the bottoms of basins and its change with ongoing relaxation or grain
growth. For that purpose, we simultaneously measured transverse and
longitudinal ultrasonic velocities at room temperature in the
as-prepared, relaxed, and coarse-grained state to compute the high
frequency elastic moduli G and B (cf. Subsection III E and Table I).
The ultrasound propagates as an elastic pulse in the limit of small
amplitudes, hence small displacements and low energy, and so probes
the state of the material isoconfigurationally and in the harmonic
approximation for the vibrational dynamics. The central measurand

is the time delay between consecutive wide-band pulse echos, which
is essentially the sum over all time delays over infinitesimal sections
along the thickness of the sample. In fact, this is a further realization
of an integral measurement method, which entails that the obtained
moduli represent effective material properties.

The physics of elastic wave propagation is essentially deter-
mined by two different factors: the density of the material and the
elastic constants Cijkl , which relate to second derivatives (curvature)
of the potential energy with respect to displacements. It follows
that a traveling elastic wave generates time- and position-dependent
three-dimensional strain. The propagation of this strain state
depends on Cijkl ; we come back to this issue later.

By probing the material isoconfigurationally, its overall elastic
behavior must reflect the statistically isotropic configuration,44,45

which simplifies the problem of elastic wave propagation dramati-
cally as the stiffness tensor is formed by only two independent
quantities. Usually, the first and second Lamé constants λ ¼ C1122

and μ ¼ 1=2(C1111 � C1122) are chosen, which allow for the
compact representation Cijkl ¼ λδijδkl þ μ δijδkl þ δilδ jk

� �
. With

this information, any elastic modulus (Young’s modulus E, shear
modulus G, bulk modulus B) or Poissons ratio ν can be computed.
What remains to be clarified is the relation between elastic wave
induced strain (fluctuations) and elastic moduli.

In general, any strain state represented by a second rank
tensor ��ε can be separated into an isotropic volume strain contain-
ing only identical diagonal elements εvol ¼ Tr ��εð Þ=3 ¼Pi εii=3
and the strain deviator ��εdev ¼ ��ε� 1εvol, which describes pure
shear without volume change which is responsible for any shape
change of the observed sample.46 It is straightforward to relate the
shear modulus G ¼ μ to volume conserving shear strain and associ-
ate the bulk modulus B with volume change. In other words, when
deriving B and G from ultrasound measurements, we essentially
extract data averaged over the entire specimen volume that hence
reflect information about the mean curvature of the potential
energy with respect to overall volume strains (order parameter),
and shear strains, respectively. Specifically, for isotropic materials at
constant temperature, the mean B and G moduli are related to the
overall Helmholtz free energy F by47

B ¼ 1
V

@2F
@ε2ii

and G ¼ 1
V

@2F
@ε2ij

: (4)

This implies that B and G are actually a direct measure of the curva-
ture of Φ. For small deviations at the bottom of a basin, the volume
depends linearly on εii. Consequently, at constant pressure, the cur-
vatures at the bottoms of corresponding Φ and ΦH ¼ Φþ PV
basins are identical because @2(PV)=@ε2ii ¼ 0.

We further argue that the crystalline phase, although
nanometer-sized, basically exhibits the same elastic constants as a
conventional coarse-grained material of the same composition;
they are a signature of the crystalline state. Deviations of the values
of B and G from the coarse-grained reference are, therefore, attrib-
uted to the impact of the GB phase on the effective elastic
moduli.29 In addition to that, there is a porosity of ≃3%, which is a
characteristic feature of IGC-prepared samples30 and has been vali-
dated to be basically constant during thermal annealing and so
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does not affect relative changes between different states. In fact,
after grain growth, the C samples exhibit a density deficit of 2:8%
relative to the crystalline ground state.

We will now address the changes in B and G due to relaxation
and grain growth. Both quantities are significantly lower in the
NC states compared to their coarse-grained values, indicating the
presence of the lower curvature at the bottom of the basin which is
occupied by the system in the as-prepared state. Structural relaxa-
tion of sample C2 leads to an increase of G amounting to
Grel=Gap � 1 is ≃15% and an even larger increase of B in the
amount of Brel=Bap � 1 is ≃24%; the changes in elastic constants
affected by the relaxation of specimen C1 are smaller compared to
C2 due to the shorter aging time in the DSC.

It should be noted that the density enters the calculation of
both elastic moduli as a linear factor and thus contributes to their
overall decrease in the NC state as well as to their relative increase
during relaxation. However, this effect is proportional to the
change in density which is only a minor contribution to the overall
effect. For example, the density increases by only 3.5% during
relaxation compared to a 24% increase in B.

Altogether, these findings yield clear-cut evidence that relaxation
drives the system into basins with higher curvature. The different cur-
vatures in the as-prepared, relaxed, coarse-grained and reference state
are visualized in Fig. 5, where an atomic volume of V ¼ 14:94A

� 3

was used to compute the local change ΔF of F in the near vicinity of
the minima as a function of volume strain [cf. Eq. (4)]. The atomic
volume was calculated by a linear rule of mixture from the atomic
volumes of the pure elements listed in Ref. 48. What is more, the
observed larger change in B compared to G let us conclude that the
local curvature of the basins along the path toward lower energy

becomes more narrow with respect to volumetric strains compared to
shear strains.

C. Energy landscape

Referring to the above presented results, we are now prepared
to describe the path across the PEL—as it has been taken by our
samples during relaxation and grain growth—in terms of volumet-
ric strain and energy. We divide this task into two main parts: first,
the reconstruction of the inherent-structure enthalpy differences,
and second, we present a rationale of how to retrieve the effective
barrier heights the system must overcome on its path to global
equilibrium. We will address these issues separately and eventually
combine the information to draw a picture of the PEL.

Reconstruction of the energy minima the system passes
through is directly related to the results gained from the DSC mea-
surements (cf. Sec. II). In particular, the measured enthalpy differ-
ences between the as-prepared, relaxed, and coarse-grained state,
respectively, (see Table II) set the landmarks of enthalpy release of
the system on its path to equilibrium (cf. Fig. 6). Since only
enthalpy differences are physically relevant, we are free to prescribe
a reference value of enthalpy for a particular state. We select the
coarse-grained state and assign a value of 0:005 eV=atom to it since
we prefer to display energy values also on a log scale, which forbids
stipulating zero enthalpy.

The release of enthalpy between the as-prepared and relaxed
state—before the onset of grain growth—manifests the driving
force for the relaxation dynamics. The associated sequence of
energy minima can be inferred from the DSC measurement
[cf. Fig. 4(a)] by integrating the specific heat flux with respect to

FIG. 5. Increase in free energy ΔF due to volume strain εvol measured relative
to the potential energy minimum of different inherent structures representing dif-
ferent material states: the as-prepared (as-prep.), relaxed, coarse-grained
(coarse), as well as the arc-melted reference state. The different curvatures
related to the different sample states correspond to different bulk moduli B
which are listed in Table I. In the case of the as-prepared and relaxed state, the
mean value of samples C1 and C2 is plotted in the diagram.

FIG. 6. Energy minima of the potential energy landscape along the relaxation
and grain growth path as a function of strain ε probed by means of enthalpy differ-
ences ΔH with reference to the coarse-grained ground state (bottom dashed hori-
zontal line). The vertical double arrows indicate the enthalpy differences reported
in Table II. The full red and full green curve shapes are extracted from the
recorded DSC-data (Fig. 4). The dashed red line bridges a gap of missing data
and relies on a extrapolation scheme. For more details, we refer to the text.
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time. However, we face the problem here that at around 40min
the DSC method approaches its resolution limit, as discussed in
detail in Subsection IV A, although enthalpy and strain release
[cf. Fig. 4(c)] de facto proceed.

Obviously, we are confronted by a gap of missing data for the
evolution of enthalpy release with time. It opens up at strain values
of ��0:5% at around 40min [cf. Figs. 4(a) and 4(c)] and extends
to ��1:1% at around 6000min before the onset of grain growth
(cf. Table II). To bridge this gap, physical reasoning requires that
the prevailing non-zero specific heat flux must be approximated by
a continuous and decreasing function with concave-up curvature to
provide for the decelerating kinetics of structural relaxation.
Analyzing the release of heat flux along the isothermal annealing
segment [cf. Fig. 4(a)], we found that a sum of three exponential
decay functions fitted the data best. We used these exponentials
to extrapolate the so approximated heat flux data to increasing
strain/time values up to the onset of grain growth. The resulting
evolution of enthalpy release and hence the sequence of enthalpy
minima along the path is displayed as dashed red line in Fig. 6.

The transition from the relaxed to the coarse-grained state
develops through grain growth. It is accompanied by a much more
pronounced heat flux signal compared to relaxation. We make
direct use of the integrated heat flux—resolution problems are neg-
ligible here—to deduce the sequence of enthalpy minima which
continuously link the relaxed to the coarse-grained state. The entire
sequence together with the enthalpy differences reported in
Table II are shown in Fig. 6.

Regarding numbers, we note that ΔHap!rel ¼ 6:7meV=atom
or 5.6 J/g (see Fig. 6 and Sec. IV A) is in the order of magnitude
comparable with kBT at room temperature. This finding is compatible
with data obtained by computer simulations that investigated aging
and rejuvenation phenomena in terms of excitations in the potential
energy landscape.49 Likewise, rapidly quenched (melt-spun) metallic
glasses exhibit significant excess enthalpy when heated to the glass
transition temperature in a calorimeter. The so explored range of heat
of relaxation ΔHrel varied between 11% and 17% of the enthalpy of
melting ΔHm (1� 1:5 kJ=mol) as representative values.9,50 Assuming
a linear rule of mixture value of ΔHm ¼ 16:3 kJ=mol for the enthalpy
of melting of the fully miscible Pd90Au10 alloy,

51 we estimate for 14%
of ΔHm a related value of ΔHrel ¼ ΔHap!rel � 20 J=g, which is about
four times larger than our finding ΔHap!rel ¼ 5:6 J=g. However, one
has to consider that the microstructure of both materials is quite
different. Short- and medium-range disorder in metallic glasses
prevails more or less homogeneously across the volume. On the
contrary, atomic site disorder in NC metals is predominantly local-
ized in the core region of GBs, whereas the atoms in the abutting
crystallites are arranged on lattice sites. Knowing the average grain
size hDivol, the width of the grain size distribution σ ¼ 1:7,34 as
well as assuming an average thickness of the GBs of δ ¼ 1 nm,29 it
is straightforward to compute the volume fraction of atoms located
in the core region of GBs according to Eq. (A5). With the grain
size of hDivol ¼ 10(4) nm (cf. Table I), the volume fraction of GB
atoms varies between 40% and 22%. If we attribute the measured
ΔHrel to the share of GB atoms, we find 14 J=g , ΔHrel , 25 J=g, a
relation that is no longer in conflict with ΔHrel ¼ 0:14ΔHm.

We continue by addressing the issue of potential barriers
between adjacent energy minima. Since barrier heights relate to

activation energies between initial and final states, it appears
advantageous to first digress into Paper I13 that is just concerned
with this issue. The focus of this work relates to the kinetics of
volume/strain relaxation in NC Pd90Au10 and, in particular, deals
with modeling of strain relaxation data obtained from dilatometry
in terms of a distributed reactivity model.52 It partitions the overall
process into a set of independent and parallel reactions i, each of
which is characterized by a triplet of activation parameters: Gibbs
free energies of activation ΔG*

i , maximum possible strain contribu-
tion εmax,i of process i to the overall strain, and the high tempera-
ture strain rate limit _εmax,i. These parameters enter Eq. (5), which is
the fundamental differential equation underlying the distributed
reactivity model. To demonstrate the validity of this model, we
apply it to the DIL data shown in Fig. 4(c). The fit to the DIL data
is shown in Fig. 7(a), and the underlying activation parameters are

FIG. 7. Time evolution of measured (experiment) and modeled strain during (a)
relaxation and (b) grain growth of sample C2.
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reported in Table III. For the sake of convenience and with regard
to further analysis, we restricted _εmax,i to an average value of
h _εmax,ii ¼ �1:94� 108 1=s, chose equidistantly distributed free
energies of activation, and restricted εmax,i to only two representa-
tive values; this simplified thermal parameter variation is directly
derived from the results in Ref. 13 on the same material.

Since kinetic analysis is not restricted to a specific process, we
analyzed the grain growth data obtained by DIL in an analogous
manner. The most simple viable model consists of a set of only
two parallel reactions (cf. Table IV) as shown in Fig. 7(b). The
process i ¼ 1 is characterized by a minute maximum possible
strain contribution εmax,1 ¼ �0:015% and a comparatively small
Gibbs free energy of activation ΔG*

1 ¼ 0:935 eV (cf. Table III). We
suggest that process i ¼ 1 reflects a residual relaxation after reheat-
ing the sample. We suppose that the relatively fast cooling of the
sample subsequent to aging without appreciable grain growth did
not enable the material to reach the minimum of the metabasin.
Hence, reheating the sample in the temperature range below the
onset of significant grain growth initially supplies sufficient energy
to make the material relax within the metabasin to assume
minimal energy.

The process i ¼ 2 represents the subsequent grain growth at
higher temperatures41 which necessarily involves the escape of the
system from the metabasin. It should be noted that it is impossible
to guarantee that process i ¼ 2 represents at every point in time
exclusively an increase in the average grain size. In fact, in each
time increment, a certain amount of process i ¼ 2 might be attrib-
uted to grain size preserving relaxation processes. We note that the
kinetics of grain growth commonly involves a mobility term that
entails a single apparent activation energy53 well in agreement with
our simplified analysis.

What remains to be done is deriving, based on the distinct
free energies of activation (cf. Tables III and IV), an expression for
the barrier heights ΔG*

eff as a function of time and hence strain
(cf. Fig. 7). In other words, we need a diagram for the effective
barrier height in full analogy to the graph of the effective energy
minima displayed in Fig. 6. To achieve this goal, it is essential to
start off with the fundamental differential equation of the distribu-
ted reactivity model which is formulated in terms of strain rate
dε=dt and reads

dε
dt

¼
Xn
i¼1

ki(T(t)) fi(εi(t)): (5)

The independent and parallel reactions i are expressed as the products
of an Arrhenius expression ki(T(t)) ¼ _ε0,i(T(t))exp(�ΔG*

i=kBT(t))
and a reaction model fi(εi(t)), where T(t) represents the given
time–temperature protocol; for more details of the model, we
refer to Ref. 13.

We argue that for sufficiently small time intervals, the
structural relaxation kinetics can be modeled by a single step
process. As a consequence, Eq. (5) simplifies to the conventional
Arrhenius ansatz

dε
dt

¼ _ε0 exp �ΔG*
eff

kBT

� �
, (6)

where all symbols have their usual meaning. Equating Eq. (6) with
Eq. (5) for each time interval Δt and solving for ΔG*

eff gives the
sought relation for the effective barrier height at time t, ΔG*

eff (t), as

ΔG*
eff (t) ¼ �kBT ln

1
_ε0

X
i

ki(T(t)) fi(εi(t))

 !
, (7)

which can be solved numerically by setting _ε0 ¼ h _εmax,ii and using
the activation parameters from Table III for structural relaxation.
The effective barrier heights for grain growth are computed along
the same line of reasoning but based on Table IV.

Referring to Fig. 7, it is straightforward to transform ΔG*
eff (t)

[cf. Eq. (7)] into ΔG*
eff (ε), which is depicted in Fig. 8. Structural

relaxation is modeled by 25 000 time intervals and grain growth by
15 000. These numbers reflect the temporal resolution of the mod-
eling. This is the fundamental reason, why all presented values for
ΔG*

eff (t) and ΔH(t) are effective values averaged over technically
required time intervals. They should not be confused with the
much higher actual number of basins and saddle points along the
path across the PEL. Structural relaxation exhibits a continuous
increase in ΔG*

eff (ε) with strain/time, which reflects the depletion of
relaxation processes with low activation barrier. With regard to
grain growth, ΔG*

eff (ε) is mostly constant with the exception of a
jump discontinuity observed at the crossover from relaxation to
grain growth. This discontinuity is presumably caused by the previ-
ously discussed relaxation after reheating the sample.

The central result of this work which imparts the inherent-
structure enthalpies and barrier heights along the path across the
PEL is shown in Fig. 9. The characteristic feature of this landscape
is reflected by the large height of energy barriers (.1 eV=atom)

TABLE III. Kinetic parameters of sample C2 for relaxation. ΔGi* denotes the Gibbs
free energies of activation, εmax,i is the maximum possible strain contribution of
process i to the overall strain, and _εmax,i is the high temperature strain rate limit.

Process i ΔGi* (eV) εmax,i (%) _εmax,i (10
8/s)

1 0.950 (1) −0.134 −1.94
2 0.991 (1) −0.134 −1.94
3 1.033 (1) −0.134 −1.94
4 1.074 (2) −0.134 −1.94
5 1.116 (2) −0.134 −1.94
6 1.157 (3) −0.134 −1.94
7 1.20 (1) −0.200 −1.94
8 1.24 (2) −0.200 −1.94

TABLE IV. Kinetic parameters of sample C2 for grain growth. ΔGi* denotes Gibbs
free energies of activation, εmax,i is the maximum possible strain contribution of
process i to the overall strain, and _εmax,i is the high temperature strain rate limit.

Process i ΔGi* (eV) εmax,i (%) _εmax,i (10
8/s)

1 0.935 (1) −0.015 −0.33
2 1.25 (2) −0.430 −7.60
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compared to the small differences between successive inherent-
structure enthalpies. As a consequence, the relaxation dynamics at
typical annealing temperatures should be relatively slow. The exper-
iments carried out so far are not covering long-time (.105 min)
relaxation dynamics, therefore, we may miss processes having rela-
tively large residence times in their related basins. The finite slope
of strain release after 104 min of annealing time [cf. Fig. 4(c)] is

indicative of still ongoing long-time processes not yet covered by
our analysis. Furthermore, our results show that with ongoing relaxa-
tion or grain growth, the inter-basin energy difference becomes
smaller, while the barrier height becomes larger. This causes a decel-
eration of the dynamics driving the system toward global equilib-
rium, or in other words, the system behaves as a bad/slow global
minimum finder.54

Finally, we shortly demonstrate that the relaxed material state
not only manifests property changes compared to the as-prepared
as well as the reference state but even reveals considerably enhanced
properties.

D. Deformation behavior

We investigated the macroscopic deformation behavior of
the different sample states to find out to which extent relaxation
and grain growth go along with mechanical property changes. In
Fig. 10, we display Vickers indentations obtained from
as-prepared, relaxed, and coarse-grained samples. The square of
the length of the diagonals of the indents is inversely proportional
to hardness, which correlates with yield stress or ultimate tensile
strength in the case of ductile materials. Technically, the increas-
ing penetration of the tip into the material at a constant load goes
along with a continuous decrease of the applied stress due to the
continuously increasing indentation surface. If the so applied
stress drops below the yield stress plastic deformation ceases,
hence rendering the diagonal of the indent a direct measure of
the yield stress. As can be gathered from Table I, the hardness of
the NC materials in its as-prepared state (HV � 3:33 GPa) is
approximately five times larger than the reference sample
prepared by the solidification of the molten Pd90Au10 alloy
(HV � 0:64 GPa). The slogan “smaller is stronger” certainly
applies to the as-prepared material state in agreement with what is
expected for NC materials at the low end of the nanoscale. A striking
finding relates to the continued 25% increase of hardness associated
with structural relaxation of the as-prepared material; relaxation
hardening55 amounts to HV values of HV � 4:15GPa.

The SEM micrograph of the indented as-prepared sample
[Fig. 10(a)] do not show any indications of volume preserving
deformation that typically creates material pileup at the edges of
indentation usually observed in this alloy [Fig. 10(c)]. It appears
that the high initially applied stress leads to stress-driven relaxation
with concomitant annihilation of excess volume along with consoli-
dation (densification) in the sample volume below the indenter.
This volume seems to carry the deformation until the diminishing
applied stress neither causes appreciable relaxation nor plastic
deformation.

The relaxed sample [Fig. 10(b)] exhibits a similar behavior.
Again, pileup is basically missing. We conjecture that the very high
initial stress under the indenter tip still activates stress-driven relax-
ation along with plastic deformation causing consolidation in the
volume below the indent; albeit to a lesser extent compared to the
as-prepared sample, resulting in a smaller indent. Such behavior
reflects the reduced potential for further relaxation of the relaxed
sample vs the as-prepared one. This finding agrees with our previ-
ous result revealing that barrier heights increase during relaxation
thus suggesting that higher stresses are required for further

FIG. 8. Effective barrier height ΔG�
eff (ε) as a function of strain ε. The jump dis-

continuity observed at the crossover from relaxation to grain growth is caused
by a residual relaxation after reheating the sample; for more details, we refer to
the text.

FIG. 9. Effective barrier height ΔG�
eff (ε) and energy minima of the PEL probed

by enthalpy differences ΔH(ε) along the path across the PEL as a function of
strain ε.
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relaxation in already relaxed samples. Finally, we note that the
indentations in Fig. 10 were taken with a five times higher load
(HV 0.5) compared to the hardness values (HV 0.1) displayed in
Table I. As expected, the respective extracted hardness values agree;
however, morphological details can be much better resolved for
larger indent sizes.

Surprisingly, annealing of the relaxed samples and concomi-
tant grain growth indeed involves the formation of micrometer-
sized grains (.10 μm); however, the hardness remains still much
larger than expected. In fact, the so prepared coarse-grained state
exhibits a hardness of HV � 2:4 GPa that is still a factor of 3.75
larger than the hardness of the solidified polycrystal with a compa-
rable grain size. Further work is needed to scrutinize this effect.
Nevertheless, it seems likely to assume that characteristics of the
PEL prevent the system from straightforwardly approaching global
equilibrium.

The observation that the deformation behavior depends on
the specific sample states seems to be reflected by the increasing
B=G ratio that amounts to 3.7(2) in the as-prepared state and
assumes a value of 4.0(2) after structural relaxation. The B=G ratio
is in contrast to the individual elastic constants independent of
sample density and only related to the transversal and longitudinal
sound velocities.56,57 We recall that the B=G ratio has been intro-
duced into the literature in the fifties of the last century to distinguish
between ductile (B=G ⪆ 2:3) or brittle behavior of polycrystalline
fcc metals.58 The rationale behind this criterion was solely based on
dislocation emission and glide.59,60 Interestingly, the value of 4.0(2)
we find for the relaxed state perfectly agrees with theory values,
B=G ¼ 3:99, for the statistically isotropic and homogeneous poly-
crystal.61 Hence, it is implied that relaxation equilibrates the highly
nonequilibrated GBs which prevail in the as-prepared state.

The metallic glass community could demonstrate that the B=G
criterion is also applicable to categorize metallic glasses. In fact, it
can be shown that the B=G ratio is cardinal to any metallically
bonded system.62,63 Moreover, B=G scales inversely to the so-called
non-ergodicity parameter f0, which has been introduced to quantify
the amplitude of density fluctuations in metallic glasses.56,57

In other words, the observed increase of B=G during relaxation is

then indicative of decreasing density fluctuations, which should
manifest the transition from nonequilibrium to equilibrium GBs
and thus quite independently agrees with the findings and reason-
ing of this work.

V. SUMMARY AND CONCLUSIONS

Amorphous and nanostructured materials are commonly
not in equilibrium relative to the laboratory time scale. As a con-
sequence, their thermodynamic, dynamic, and physical proper-
ties change with time, a behavior that has been termed aging or
structural relaxation.1,2 The microscopic processes which mani-
fest the systems structural relaxation dynamics toward equlibrium
go along with configurational changes in the system. Such
changes are accompanied by an evolution of state variables, e.g.,
volume and enthalpy, and concomitantly alter physical proper-
ties. Behavior like that is a manifestation of the underlying poten-
tial energy landscape (PEL), which is a complex 3N-dimensional
hypersurface in a (3N+1)-dimensional space.3,5,6,64

In order to gain insight and even predict how properties
change in the course of aging, it is crucial to establish their rela-
tion to the PEL. In general, this is a formidable task. To, never-
theless, handle the problem, one-dimensional representations of
potential energy functions are usually constructed.5 They require
information about local energy minima as well as transition states
(saddle points) and how they relate to a one-dimensional order
parameter.

In this work, we studied the structural relaxation of nano-
crystalline Pd90Au10 and exploited strain/volume release as an
order parameter. We used calorimetry to retrieve how energy/
enthalpy of relative minima evolves when the system crosses tran-
sition states on its way to global equilibrium. In Paper I,13 we
studied in great detail how the spectrum of effective barrier
heights—which the system must overcome to reach equilibrium—
can be extracted from dilatometry. Here, we applied this method
to map out the spectrum of barrier hights.

With this information, it became feasible to reconstruct the
effective inherent-structure enthalpies and barrier heights along a

FIG. 10. SEM images of HV0.5 indents in the (a) as-prepared, (b) relaxed, and (c) coarse-grained state.
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path across the PEL in terms of volume strain as our order parame-
ter (see Fig. 9). Volume conserving shear–strain contributions are
thereby neglected. The characteristic feature of this landscape is
reflected by the large height of energy barriers (.1 eV=atom) com-
pared to the energy difference between adjacent minima (,kBT at
room temperature), thus identifying this system as a bad global
minimum finder.

In conclusion, we demonstrated that structural relaxation and
grain growth go along with significant property changes. We studied
hardness (cf. Fig. 10) to find pronounced relaxation hardening.55

The hardness values that emerge after grain growth (grain size
.10 μm) are surprisingly large (�2:4GPa) compared to the solidi-
fied polycrystalline reference material (�0:64GPa), clearly indicating
a consequence of the discussed landscape and its nature of being a
bad global minimum finder. Moreover, we extracted a decrease of
the non-ergodicity parameter f0,

56,57 which scales inversely to B=G.
The observed decrease of f0 is indicative of decreasing density fluctu-
ations, which we mainly attribute to a transition from nonequilib-
rium to equilibrium grain boundaries with advancing relaxation.
This reasoning is quite independently consistent with the findings
derived from the sequence of inherent structures along the path
across the PEL.
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APPENDIX: GRAIN BOUNDARY VOLUME FRACTION

For the sake of simplicity, we assume spherical grains with
grain diameters D following a lognormal distribution g(D), which
is usually determined by the median of grain diameter D0 and a
distribution width parameter σ. In this work, grain size is charac-
terized through x-ray diffraction by the volume-weighted average
grain diameter hDivol, which is obtained as the 4th moment of the
distribution divided by the 3rd.34 The median D0 can be expressed
by hDivol and σ as

D0 ¼ hDivol exp � 7
2
ln2 (σ)

� �
: (A1)

Thus, the lognormal distribution assumes the form

g(D) ¼ 1ffiffiffiffiffi
2π

p
D ln (σ)

exp � ln2 (D=D0)

2 ln2 (σ)

� �
: (A2)

If we assign an average thickness δ to the GBs, each individual
grain is connected with a share of the GB thickness of δ=2. The
volume share of the GB of a single grain is the volume of the GB,
VGB, divided by the total volume V , which is for a spherical grain

VGB(D)
V(D)

¼
4
3 π

D
2 þ δ

2

� �3� D
2

� �3� �
4
3 π

D
2 þ δ

2

� �3 : (A3)

For NC samples with grain sizes following the lognormal distribu-
tion, the GB volume share becomes

VGB

V
¼
Ð1
D¼0g(D)VGB(D)dDÐ1
D¼0g(D)V(D)dD

(A4)

¼ 3δ

3δ þ exp ln hDivol
� �� ln2 σð Þ� � : (A5)
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