
Precious metal based bulk glass-forming
liquids: Development, thermodynamics,

kinetics and structure

Dissertation
zur Erlangung des Grades des

Doktors der Ingenieurswissenschaften (Dr.-Ing.)

der

Naturwissenschaftlich-Technischen Fakultät

der

UNIVERSITÄT DES SAARLANDES

vorgelegt von

Oliver Gross

SAARBRÜCKEN
2018



ii

Tag des Kolloquiums: 02.05.2019

Dekan: Prof. Dr. rer. nat. Guido Kickelbick

Berichterstatter: Prof. Dr. rer. nat. Ralf Busch

Prof. Dr. rer. nat. Gerhard Wilde

Prof. Dr. rer. nat. Wulff Possart

Vorsitz: Prof. Dr.-Ing. Dirk Bähre

Akad. Mitarbeiter: Dr.-Ing. Florian Schäfer



iii

Abstract
Bulk glass-forming alloy compositions are found in various noble-metal based sys-
tems. Their superior properties and their high noble metal content predestinate
these alloy classes for the application as jewelry alloys. This work is separated into
two parts and focuses on the gold- and platinum-based bulk glass-forming liquids.
In the case of the 18 karat white gold bulk glass-forming alloy composition Au49-
Ag5.5Pd2.3Cu26.9Si16.3, a fast color change is observed which is attributed to a corro-
sion process when worn on human skin. A strategy to modify the alloy composi-
tion was developed and evaluated that on the one hand allows the improvement of
the corrosion resistance and on the other hand maintains the ability of the liquid to
form a bulk metallic glass. The second part of this work comprises the evaluation
of the thermophysical properties of platinum-phosphorous-based glass-forming liq-
uids. The thermophysical properties are used in combination with high- and low-
temperature crystallization experiments to determine the origin of the high glass-
forming ability. Moreover, the observed differences within the platinum-phosphor-
ous class as well as those to the compositionally related palladium-phosphorous al-
loys are investigated in in-situ synchrotron X-ray scattering experiments. The results
suggest that the temperature dependence of the atomic dynamics in platinum-phos-
phorous-based liquids is reflected by structural ordering processes on certain length
scales. The differences in the representative structural units and their connection
scheme between platinum-phosphorous- and palladium-phosphorous-based liquids
might be responsible for the different sensitivity to annealing induced embrittlement
which was already reported in literature.

Zusammenfassung
Massivglasbildende Legierungszusammensetzungen existieren in verschiedenen
edelmetallbasierten Systemen. Ihre überlegenen Eigenschafen und ihr hoher Edel-
metallgehalt prädestinieren diese Legierungsklassen für die Anwendung als
Schmucklegierungen. Der Schwerpunkt der zweiteiligen Arbeit liegt auf Gold- und
Platin-basierten massivglasbildenden Legierungen. Im Fall der massivglasbilden-
den 18 Karat Weißgoldlegierungen Au49Ag5.5Pd2.3Cu26.9Si16.3 wurde eine rasche
Farbänderung beobachtet, die auf einen Korrosionsprozess durch das Tragen auf
der Haut zurückzuführen ist. Es wurde ein Anpassungskonzept entwickelt und
umgesetzt, das einerseits die Verbesserung der Korrosionsresistenz bewirkt und an-
dererseits die Fähigkeit der Schmelze ein metallisches Massivglas zu bilden erhält.
Der zweite Teil der Arbeit beschäftigt sich mit der Bestimmung der thermophysi-
kalischen Eigenschaften von Platin-Phosphor-basierten glasbildenden Schmelzen.
Die thermophysikalischen Eigenschaften werden in Kombination mit Hoch- und
Tieftemperaturkristallisationsexperimenten verwendet um den Ursprung der hohen
Glasbildungsfähigkeit der Legierungen zu ergründen. Darüber hinaus wurden die
beobachteten Unterschiede innerhalb der Platin-Phosphor Klasse sowie die zu den
kompositionell verwandten Palladium-Phosphor-basierten Legierungen in struktur-
aufklärenden Synchrotron-Röntgenstreuexperimenten untersucht. Die Ergebnisse
weisen darauf hin, dass sich die Temperaturabhänigkeit der atomaren Dynamik in
Platin-Phosphor-basierten Schmelzen in strukturellen Ordnungsprozessen auf ge-
wissen Längenskalen widerspiegeln. Die strukturellen Unterschiede zwischen Platin-
und Palladium-Phosphor-basierten Legierungen im Bereich der repräsentativen
Struktureinheiten und deren Verbindungsart könnten die in der Literatur berichtete
unterschiedliche Sensitivität für anlassinduzierte Versprödung sein.
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Chapter 1

Introduction

Crystalline metals or alloys are known for thousands of years and are nowadays es-
sential to our everyday life. The knowledge of their periodic atomic structure and
how it reacts on external stimuli or how it can be modified to fit certain require-
ments is the basis of the success of this material class. The pioneering works of
Turnbull brought insights into the mechanisms enabling the atoms to form a peri-
odic crystal structure from the disordered melt [1, 2]. The crystalline microstructure
that is formed from the melt is strongly affected by the processing conditions and
can alter the mechanical properties significantly. The attempts of by Duwez and co-
workers in 1959 to form a supersaturated solid solution in vicinity of the Au-Si eu-
tectic by rapid quenching gave rise to a completely new material class. For the first
time they succeeded to suppress the crystallization process, which is governed by
thermodynamic and kinetic constraints, and produced the first metallic glass (MG)
with a thickness of 10 µm [3]. The recipe to successfully avoid crystallization of the
Au75Si25

1 alloy composition and to preserve the amorphous structure of the liquid
phase was an extremely high cooling rate. As visualized in the time-temperature-
transformation (TTT) diagram in Fig. 1.1, crystallization is a time depended process
occurring in the supercooled liquid region below the melting point of the alloy. In
the experiment performed by Duwez and co-workers, the liquid alloy was subject
to a cooling rate that was higher or equal to the critical cooling rate (Rc) i.e. the min-
imum cooling rate needed to bypass the crystallization event and to conserve the
macroscopically disordered structure of the liquid (amorphous structure). The first
metallic glasses was difficult to characterize in terms of the mechanical and thermo-
physical properties as it readily crystallizes at ambient conditions due to its thermo-
dynamically unstable nature. Further developments aimed at increasing the glass-
forming ability (GFA) of the metallic alloys. The GFA depends on the time that the
crystalline phase needs to form within the undercooled liquid which is represented
by the crystallization nose in the TTT diagram. For alloys whose crystallization pro-
cess is shifted to longer times, a much lower Rc is need to maintain the amorphous
structure of the liquid at low temperatures. Rc is connected to the maximum diam-
eter or critical diameter dc up to which a fully amorphous structures is obtained. As
dc is easier accessible than Rc, dc is mostly used as a measure of the GFA. However,
both values are connected through [4]

Rc =
10
d2

c
Kcm2s−1. (1.1)

In the following decades, it was observed that glass formation is a common phe-
nomenon in metallic systems and a variety of metallic glass-forming compositions
were discovered [5–9]. Among these systems, some exceed a dc of 1 mm and were

1All concentrations are given in atomic percent (at%).
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FIGURE 1.1: Schematic time-temperature-transformation (TTT) dia-
gram of a glass-forming metallic liquid. The critical cooling rate (Rc)
is the minimum cooling rate that is needed to bypass the crystalliza-
tion event in the supercooled liquid region below the liquidus tem-
perature Tl and to conserve the macroscopically disordered structure
of the liquid at the glass transition temperature Tg. The minimum
time for crystal formation τ∗X is found at the temperature T∗. During
the thermoplastic forming (TPF) process, the glassy sample is heated
into the supercooled liquid region, shaped and cooled again below Tg

before the crystallization onset is reached.

henceforth termed bulk metallic glasses (BMGs). Figure 1.2 shows the current record
holders in terms of dc in the known alloy families.

BMGs combine a high strength, which is close to the theoretical strength, with a large
elasticity of approximately two percent [10, 11]. Moreover, some alloys feature an
extraordinary thermal stability upon reheating and do not directly crystallize above
the glass transition. These alloys can be shaped applying a temperature protocol
as shown in Fig. 1.1. In the supercooled liquid region, pattern on the nanometer
scale can be replicated [12] or amorphous powder can be consolidate in order to
circumvent the limitation of the critical casting thickness [13]. If the liquid is cooled
below the glass transition temperature Tg before the onset of crystallization is reached,
the amorphous structure is preserved. This process is called thermoplastic forming
(TPF) and is well known for polymers and oxide glasses, however it is a novelty for
metals.

The discovery of a variety of BMG forming compositions gave rise to empirical rules
that were derived from the similarities observed in the different glass-forming alloy-
ing systems [26–28]. The rules are found to increase the probability to find a bulk
glass-forming alloy:

• Multicomponent system: The alloy should contain at least three components.
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FIGURE 1.2: Critical casting thickness dc and critical cooling rate Rc
shown on a non-linear scale (calculated according to Eq. 1.1) of dif-
ferent bulk glass alloy families. An example of each family is listed.

Data taken from Refs. [14–25].

• Significant atomic size difference: The atomic size difference of the main con-
stituents should be above 12%.

• Negative heat of mixing among the main constituents.

• Proximity to a deep eutectic.

The involvement of different elements is thought to impede the selection of a com-
peting crystalline phase and this confusion increase the probability to form a glass
[29]. A certain atomic size distribution increases the packing density in the liquid
and decreases the average atomic mobility. The requirement of a negative heat of
mixing among the main constituents guarantees the formation of a homogeneous
glassy phase. The importance of a low melting (Tm) or liquidus temperature (Tl), which
is usually found at or in vicinity of a eutectic reaction, was already noticed by Turn-
bull [28]. He introduced the reduced glass transition temperature Trg which is the ratio
of Tg and Tl

2. On the one hand, metallic liquids in vicinity of a eutectic reaction are
already stabilized to low temperatures and exhibit a more sluggish atomic mobility.
On the other hand, Tg is found to be less sensitive to compositional variations [28]

2Originally the melting temperature Tm was used instead of the liquidus temperature Tl . In vicinity
of the eutectic reaction, Tm is invariant and does not account for variations in the GFA. Tg/Tl shows a
better correlation with the GFA as Tg/Tm [30].
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with the result that alloys with a low Tl need to pass a smaller temperature interval
(Tl − Tg) in which crystallization can occur [31].

The aforementioned rules are useful tools to find BMG forming compositions. How-
ever, the recent development of sulfur bearing BMGs [32] underlines that these rules
should not be considered as a limitation for exploring new systems because, among
the potentially existing 106 BMG forming alloy compositions [33], many will be lo-
cated at off-eutectic compositions.

In the following, a strategy, based on the empirical rules, is developed to modify the
alloy composition of a Au-based BMG. This alloy development aims at the reduction
of the abnormally fast surface tarnishing [34] and simultaneously maintaining the
ability of the alloy to form a bulk glass. The origin of changes in the GFA is assessed
by thermodynamic considerations and Trg. The effect on the tarnishing resistance is
evaluate by corrosion tests in artificial saliva.

Moreover, the thermophysical properties of different Pt-P-based BMGs are deter-
mined and compared to the compositionally related Pd-P-based BMGs. By combin-
ing calorimetric crystallization experiments with the thermophysical properties, an
isothermal TTT diagram is constructed and the origin of the high GFA of Pt-P-based
BMGs is identified. The results indicate that, despite the compositional similari-
ties between Pt-P- and Pd-P-based BMGs, structural difference exist. The composi-
tional and temperature induced structural evolution of Pt- and Pd-P-based liquids
is investigated in synchrotron X-ray diffraction experiments, suggesting significant
structural differences in the two alloy families.
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Chapter 2

Glass formation in metallic
systems

2.1 Metallic Glasses: Frozen-in liquids

The transition from the crystalline solid to the liquid state of a one-component sys-
tem (e.g. a pure metal) occurs at Tm, at which both states are in thermodynamic equi-
librium. In multicomponent alloys, several crystalline phases with different thermal
stability may be present in the solid state. Consequently, melting often takes place
in a temperature interval and is completed at Tl . The process of melting involves the
dissolution of the characteristic long-range order of the crystal, represented by the
periodic arrangement of atoms. The liquid state is in general labeled as disordered
or amorphous, although atomic order may not be entirely lost. Liquids possess a
rather localized order, termed short- and medium-range order (SRO, MRO), whose
extent is temperature depended [35].

Upon cooling from the stable equilibrium liquid, the passing of Tl opens two dif-
ferent solidification pathways to the liquid. Figure 2.1(a) schematically shows the
volume as a function of temperature which decreases continuously with decreas-
ing temperature in the liquid state. The supercooled liquid region below Tl is a
metastable state with a finite lifetime1. Nucleation and growth of crystals can occur
at an undercooling ∆T (= Tl − T > 0), accompanied by a discontinuous change in
volume and the release of the latent heat (path 1 in Fig. 2.1(a)). If the crystallization
process is avoided during undercooling, the metastable supercooled liquid follows
path 2 in Fig. 2.1(a) and experiences a continuous change in its thermal expansion
coefficient at approximately 0.5 to 0.66×Tl [36]. This change marks the transition
to the vitreous state at Tg, a kinetic phenomenon observed among various liquids
with a wide range of chemical diversity. Tg defined upon cooling is often referred
to as fictive temperature Tf ictive which is the only unambiguous definition of the glass
transition as it is independent of the thermal history of the glass [37]. In the tem-
perature region where both solid states can exist, they exhibit an almost identical
thermal expansion. However, the volume of the glass is in general larger than that
of the crystalline mixture.

Although the decrease in volume with decreasing temperature of the liquid suggests
a reduction of the atomic mobility, the dramatic change in the dynamics of the liquid,
that accompanies the undercooling, can not be deduced from Fig. 2.1(a). Figure
2.1(b) shows the viscosity of the liquid on the same temperature scale as used for the
volume plot. The viscosity η(T) is connected to the structural α-relaxation time τα(T)

1At very small degrees of undercooling the large nucleation barrier allows the liquid to reside in
metastable state virtually infinitely long.
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FIGURE 2.1: Schematic plot of the (a) volume and (b) the viscosity or
structural α-relaxation time of a glass-forming liquid as a function of
temperature. Below Tl, the liquid either crystallizes (1) or undercools
(2) until vitrification occurs. The fictive temperature Tf ictive at which
the supercooled liquid freezes to a glass depends on the cooling rate.
The minimum cooling rate up to which crystallization is avoided is
the critical cooling rate (Rc). At cooling rates below Rc, the crystal-
lization time (CT) cuts the metastable equilibrium (τα(T)) line of the

supercooled liquid.

of the liquid, representing the rearrangement time of the atoms in the (metastable)
equilibrium state [38], via the Maxwell relation

η = G∞τ, (2.1)

where G∞ is the high-frequency shear modulus. Upon undercooling, the viscosity or
relaxation time of the liquid increases by several orders of magnitude. At Tl , the
equilibrium viscosity of bulk glass-forming liquids is in the range of 0.1 Pa s [39–41]
and rises to around 1012 Pa s at Tg. As observed for the V(T) curve, vitrification
forces the system to deviate from the metastable equilibrium line. The reason is the
crossing of the inherent time scale of the liquid, τα(T), and the time scale of the ex-
periment, which is given by the applied cooling rate [42]. In other words, the liquid
leaves the metastable equilibrium line if the applied cooling rate does not provide
sufficient time for the liquid to fully equilibrate [43]. For this reason, the transi-
tion from the metastable undercooled liquid to the unstable glassy state is termed
as "falling out of equilibrium" or "freezing-in" [37, 43, 44]. The connection between
structural relaxation time and the applied cooling rate rules out the existence of a
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single, universal glassy structure and rather implies that a spectrum of structural
states can be frozen-in. As shown in Fig. 2.1(a) and (b), a slower cooling rate allows
the liquid to follow the metastable equilibrium line to lower temperatures. Conse-
quently, vitrification occurs at a higher viscosity value and the frozen-in structure
is more densely packed. The amount of excess volume (Vex = Vglass − Vcrystal) that
is maintained in the glassy state substantially affects the mechanical properties of
the solid and is limited downwards during a casting process by Rc, representing the
slowest cooling rate needed to suppress crystallization. At cooling rates below Rc,
the crystallization nose would cut the metastable equilibrium line of the supercooled
liquid in Fig. 2.1(b), resulting in the partial or overall crystallization of the liquid.

2.2 The driving force for nucleation and the glass-forming
region

On falling below Tl, the pathway of crystallization opens up to the liquid. The urge
to crystallize arises from the different temperature dependencies of the Gibbs free
energy of the liquid Gl(T) and crystalline state Gx(T) (Fig. 2.2). The system strives to-
wards the state with the lowest Gibbs free energy, which is the crystalline state below
Tl

2. Upon undercooling, the difference between the Gibbs free energy of the liquid
and the crystal increases continuously, and the probability that the liquid crystallizes
on a finite time scale increases. Gl(T) and Gx(T) can be expressed by

Gl(T) = Hl(T)− TSl(T) (2.2)

and
Gx(T) = Hx(T)− TSx(T), (2.3)

where H(T) and S(T) denotes the enthalpy and entropy as a function of temperature
of the corresponding state. The Gibbs free energy difference between the super-
cooled liquid and the crystal3 is given by

∆Gl−x(T) = Gl(T)− Gx(T)
= Hl(T)− TSl(T)− Hx(T) + TSx(T)
= ∆Hl−x(T)− T∆Sl−x(T).

(2.4)

The enthalpy and entropy difference between liquid and the crystal (excess enthalpy
and entropy) ∆Hl−x(T) and ∆Sl−x(T) can be defined as

∆Hl−x(T) = ∆H f −
∫ Tl

T
∆Cl−x

p (T′)dT′ (2.5)

and

∆Sl−x(T) = ∆S f −
∫ Tl

T

∆Cl−x
p (T′)
T′

dT′, (2.6)

where ∆H f and ∆S f are the enthalpy and entropy of fusion, respectively. ∆Cl−x
p (T′) is

the difference between the specific heat capacity of the liquid Cl
p(T′) and the crystal

Cx
p(T′) as a function of temperature derived from fitting of experimental data with

2In multiphase systems, Tl is regarded as the stability threshold of the most stable crystalline phase.
A driving force for the formation of the crystalline mixture is generated if the temperature falls below
the stability threshold of each individual crystalline phase.

3Here, "the crystal" always refers to the crystalline mixture.
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the following two empirical equations [45]

Cl
p(T

′) = 3R + aT′ + bT′−2 (2.7)

and
Cx

p(T
′) = 3R + cT′ + dT′2, (2.8)

where R is the universal gas constant and a,b,c and d are fitting parameters. The low
temperature Cp values of the glass and the crystal can be described by [46, 47]

Cg,x
p (T′) = 3R/M(1− exp(−1.5T′/TD)), (2.9)

where M and TD are fitting constants. Using Eq. 2.5, 2.6, 2.7 and 2.8, ∆Gl−x(T) (Eq.

FIGURE 2.2: Schematic Gibbs free energy curves of the liquid Gl(T)
and the crystal Gx(T) as a function of temperature. The difference be-
tween Gl(T) and Gx(T), ∆Gl-x(T), vanishes at the liquids temperature
Tl. At an undercooling ∆T, ∆Gl-x(T) can be used as an approximation
for the driving force for crystallization. The dashed lines are estima-
tions of Gl(T) and Gx(T), neglecting the temperature dependencies of
the enthalpy and entropy. The difference between the slopes (Sl(Tl),
Sx(Tl) of the estimated curves is the entropy of fusion ∆S f , which can
be used to estimate the driving force for crystallization for small un-

dercoolings (Turnbull approximation).

2.4) can be rewritten as follows:

∆Gl−x(T) =∆H f − T∆S f

−
[

1
2
(a− c)T′2)− bT′−1 − 1

3
dT′3

− (a− c)T′ +
1
2

bT′−2 +
1
2

dT′2
]Tl

T
.

(2.10)
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The expression above is used for the calculation of the crystal nucleation and the
growth rate in Chapter 2.4. At Tl, the Gibbs free energy difference between the liquid
and the crystals vanishes, which yields the expression

∆S f =
∆H f

Tl
. (2.11)

This allows the determination of ∆S f from calorimetric measurements of ∆H f . For
small undercoolings ∆T, the difference in the specific heat capacity between the liq-
uid and the crystal (the excess heat capacity) ∆Cl−x

p (T′) can be neglected [1], which
simplifies Eq. 2.4 to

∆Gl−x(T) ≈ ∆H f − T
∆H f

Tl
= ∆H f (1−

T
Tl
)

= −
∆H f

Tl
(T − Tl) = −∆S f ∆T.

(2.12)

This approximation (Turnbull approximation) is valid for undercoolings of about
100 K [48]. As the modeling of the time-dependent nucleation and growth process
in Pt-based liquids in Chapter 5 covers approximately the temperature range from
Tl to Tg, the exact description of ∆Gl−x(T) (Eq. 2.10) is more appropriate.

Irrespective of the discussion on the usage of different expressions for ∆Gl−x(T),
it should be kept in mind that in a multiphase system ∆Gl−x(T) always refers to
the Gibbs free energy difference between the liquid and a phase mixture. ∆H f and
∆S f are derived from the melting process of the crystalline mixture and Cx

p(T) is the
specific heat capacity of the crystalline mixture. Therefore, the Gibbs free energy
difference between the liquid and the crystal does not necessarily match the driving
force for nucleation (also termed driving force for crystallization) [49]. The driving
force for nucleation refers to the energy profit, given by the difference in the chemical
potential ∆µ, which the system attains if nuclei of a certain crystalline phase are
formed. The chemical potential of a component i, describing how the total Gibbs free
energy G′ of a system changes by adding a small quantity of i, dni mol, at constant
pressure, temperature and amount of substances nj, is given by [50]

µi =

(
∂G′

∂ni

)
T,p,nj

. (2.13)

The change in the molar Gibbs free energy with varying molar fractions XA and XB
(XA = 1-XB) is expressed by the Gibbs-Duhem equation as [50]

G = µAXA + µBXB. (2.14)

To illustrate the difference between ∆Gl−x(T) and the driving force for the formation
of a nucleus of the α-phase (driving force for nucleation), ∆µL−α, an eutectic system
is chosen as a model system (Fig. 2.3(a)). Composition Xq is quenched from the
equilibrium liquid to the glassy state. During this process "snapshots" of the molar
Gibbs free energy curves of the competing phases, which are given by Eq. 2.14, are
depicted in Fig. 2.3(b) at the temperature T1 and in Fig. 2.3(c) at the temperature T2.
Upon passing Tl, the liquid enters the two phase region, where the liquid and the
α-phase are in thermodynamic equilibrium. At T1, the blue, dashed tangent in Fig.
2.3(b), connecting Gα (or Gβ) and GL determines the compositional region, where
µα

A = µL
A (or µα

B = µL
B) and therefore both phases coexist. The distance between the
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GL and the blue tangent at Xq is the Gibbs free energy difference, ∆Gl−x(T). Due
to the limited undercooling at T1, the ∆Gl−x(T) is hardly recognizable. At T2 (Fig.
2.3(c)), which corresponds to a much larger undercooling, the α-phase and β-phase
are in thermodynamic equilibrium and ∆Gl−x at Xq has grown significantly (see Fig.
2.2 for ∆Gl−x(∆T)). The driving force for the formation of a nucleus of the α-phase,
is given by the parallel tangent construction (dashed-dotted lines in Fig. 2.3(b) and
(c)) and is mathematically expressed as [49](

∂GL

∂XB

)
Xq

=

(
∂Gα

∂XB

)
Xn(T)

. (2.15)

The vertical distance between the two tangents ∆µL−α
A (= µ

L,xq
A − µ

α,xq
A = ∆µL−α

B )
represent the driving force for the nucleation of an α-nucleus of the composition
Xn(T) within the liquid with the composition Xq. The composition of the nucleus
Xn(T) is different from that of the equilibrium composition of the α-phase, which is
given by the vertical dashed line in Fig. 2.3(b) and (c). It is evident, that ∆Gl−x in
general underestimates the driving force for the formation of a crystalline nucleus.
However, the determination of the molar Gibbs free energy of the different phases
that compete with the liquid phase in a multicomponent system is rather difficult,
making ∆Gl−x the best possible approximation.

In this context it should be mentioned that access to the real molar Gibbs free en-
ergy curves4 would allow the determination of the compositional extent of the glass-
forming region (GFR) [52]. Assuming that kinetic constraints prohibit long range dif-
fusion during a quenching process, the equilibrium microstructure and composition
is not accessible. This limitation requires that crystallization occurs from a homo-
geneous liquid without any compositional changes (polymorphic transition). Such a
transition can only occur at a composition, where GL is higher than Gα or Gβ and
a Gibbs free energy difference ∆GP exists (Fig. 2.3(c)). The compositional limit for
a polymorphic transition at a certain temperature yields the intersection point be-
tween Gα or Gβ and GL curves. In Fig. 2.3(b) and 2.3(c) these points are marked
as cα,β

0 (T). The intersection points are transferred into Fig. 2.3(a) from which the
Tα

0 (XB) and Tβ
0 (XB) curves are constructed. Both curves represent the compositional

limit for the polymorphic transition from the liquid to the supersaturated solid so-
lution α or β and vice versa. In between the T0-lines, an eutectic solidification is not
possible for rapid quenching as it requires long-range diffusion [44] and the liquid
vitrifies when the glass transition temperature is passed. The construction of the T0-
lines illustrates why bulk glass-forming liquids are usually found in the proximity
to a deep eutectic. The non-polymorphic transition requires the segregation of the
components A and B to the α and β phase [44], which is responsible for a substan-
tially longer nucleation time [52].

4A correct determination of the T0-lines requires the consideration of the ascending specific heat
capacity of the liquid upon undercooling as it strongly effects the GL curve [51].
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FIGURE 2.3: (a) Phase diagram of a binary eutectic system at constant
pressure. The red, dotted lines Tα,β

0 (XB) correspond to the intersec-
tion points of the Gibbs free energy curves Gα or Gβ and GL as a

function of temperature (cα,β
0 (T)). Excluding long-range diffusion,
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the liquid transforms polymorphically to the supersaturated solid so-
lution at Tα,β

0 (XB). (b) Gibbs free energy curves of the competing
phases at the temperature T1 < Tl . The blue, short-dashed tan-
gents determine the compositional region of the equilibrium phases.
The difference between the dashed-dotted, parallel tangents ∆µL−α

B
(=∆µL−α

B ) represents the driving force for the nucleation of a nucleus
with the composition Xn of the α-phase for a liquid with the compo-
sition Xq. (c) Gibbs free energy curves of the competing phases at the
temperature T2 < T1 < Tl . ∆Gl−x(T) is the Gibbs free energy dif-
ference between the liquid and the crystalline mixture (α+β). ∆Gp is
the Gibbs free energy difference of a polymorphic transition from the

liquid phase to the supersaturated β-phase at Xp.

2.3 The fragility classification

2.3.1 Thermodynamic and kinetic signature of fragility

The relaxation time τα and viscosity η of a liquid, which are connected through Eq.
2.1, change as function of temperature. For some liquids, the temperature depen-
dence of both quantities can be described by an Arrhenius equation of the form [53]

ln(k(T)) = ln(A) +
EA

RT
, (2.16)

where k(T) is the viscosity or relaxation time, A the pre-exponential factor and EA
an average activation energy. EA is obtained from the slope EA/R for ln(k) plot-
ted as a function of the inverse temperature. The activation energy represents the
energy barrier, created by the surrounding atoms [54], that needs to be overcome
for translational atomic movements to accomplish viscous flow. The higher EA, the
more temperature dependent the atomic rearranging process. It is rather an excep-
tion than the rule that liquids possess a constant EA over a large temperature region.
In these cases, the activation energy can be defined at each temperature T′ by [53]

EA = −RT2
(dln(k(T))

dT

)
T=T′

. (2.17)

A mathematical description of the non-Arrhenius behavior of viscosity was pro-
vided by Fulcher [55], Vogel [56] and Tammann and Hesse [57], who discovered
the equation independently [58]. The most common form of the Vogel-Fulcher-
Tammann (VFT) equation is [59]

k(T) = k0exp
( D∗T0

T − T0

)
, (2.18)

where D∗ is termed fragility parameter and T0 is the VFT temperature at which the
quantity k diverges. The pre-exponential factor k0 represents the infinite temperature
limit of η or τα. η0 can be calculated as [60]

η0 =
hNA

vm
, (2.19)
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where h is Planck’s constant, NA is Avogadro’s number and vm is the atomic volume.
τ0 can be calculated using Eq. 2.1 and is usually in the order of 10−14s [61, 62].

The measurement of the temperature dependence of the equilibrium viscosity or
structural relaxation time permits a classification of a liquid in terms of its kinetic
fragility. In Angell’s fragility concept "fragile" liquids show a rapid increase in viscos-
ity and the associated relaxation time upon cooling, which is connected to a rapidly
ascending activation energy EA and a low D∗-value. "Strong" liquids feature a more
slowly increasing viscosity or relaxation time upon approaching Tg, implying that
these liquids possess a structure that is less sensitive to temperature changes. A typ-
ical example for a strong liquid is SiO2 (D∗ ∼100 [63]), featuring a network structure
with strong directional bonds which are rather insensitive to temperature changes
reflected by a near-Arrhenius behavior and a well-defined EA. The variety of the dif-
ferent temperature dependencies of η or τα of various liquid is best visualized in the
so-called Angell plot shown in Fig. 2.4. The plot depicts the logarithmic viscosity as

FIGURE 2.4: Angell plot, showing the variety of temperature depen-
dencies of the equilibrium viscosities in glass-forming systems. The
abscissa is normalized to the temperature at which the liquids reach
a viscosity value of 1012 Pa s, T∗g . The inset shows the jump in Cp at
Tg, which is generally larger for fragile than for strong liquids. Figure

taken from Ref. [59].

a function of the inverse temperature normalized to the glass transition temperature
T∗g , defined as the temperature at which the supercooled liquid reaches a viscosity
value of 1012 Pa s. In comparison to oxide glasses, the atoms in metallic liquids
have weaker orientational constraints and therefore possess kinetic fragilities rang-
ing from intermediate values of D∗ ∼ 20-36 [64, 65] to values way below a D∗ of 20
[18, 66, 67]. In the notation of the activation energy, the kinetic fragility of a liquid
is often described by the fragility index m representing the slope of the curves in the
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Angell plot at T∗g . m is mathematically expressed as

m =
dlog10(η)

d(T∗g /T)

∣∣∣∣
T=T∗g

. (2.20)

D∗-values can be converted into m-values via

m =
D∗T0T∗g

ln(10)(T∗g − T0)2 . (2.21)

Another expression that describes the non-Arrhenius behavior of η or τα is the
Adam-Gibbs (AG) equation [68]

k(T) = k0exp
( C

TSc(T)

)
, (2.22)

where the C parameter contains a free energy barrier for cooperative rearrangements
and Sc(T) is the configurational part of the entropy of the liquid as function of tem-
perature. The theory of Adam and Gibbs is based on the idea that the supercooled
liquid consist of groups of atoms that, independently of their environment, form
cooperatively rearranging regions that adopt different configurations [69]. Upon
undercooling, the cooperatively rearranging regions grow in size and the relaxation
process requires a higher cooperativity, leading to a growing paucity of available
configurations [69]. This circumstance is reflected in Eq. 2.22 by the configurational
entropy Sc(T), whose loss with deceasing temperature explains the dramatically in-
creasing η or τα upon approaching Tg. The excess entropy ∆Sl−x(T) is often used
to approximate Sc(T), assuming that the ∆Sl−x(T) is purely configurational, i.e. the
vibrational contribution is neglected5. As a result, the dynamic slowdown upon
cooling can be approximated by

k(T) ≈ k0exp
( C

T∆Sl−x(T)

)
(2.23)

Assuming that ∆Cl−x
p (T) can be represented by a hyperbolic function (∆Cl−x

p (T′) =
K/T′), Eq. 2.23 is rewritten to

k(T) ≈ k0exp

(
C

T
∫ T

TK
K/T′2dT′

)

= k0exp

(
C

TK(− 1
T + 1

TK
)

)

= k0exp

(
CTK

K(T − TK)

)
.

(2.24)

5The validity of assuming Sc(T) = ∆Sl−x(T) is controversial. As inferred by Goldstein, the excess
heat capacity is only partly configurational in nature [70]. The success of the AG equation, despite the
use of ∆Sl−x(T), was attributed to a proportional change of Sc(T) and ∆Sl−x(T) [71]. Furthermore it
was conjectured that the configurational contribution is smaller for fragile liquid [71]. This was shown
to be the case in organic liquids, where the contribution of the configurational part of the excess heat
capacity decrease to about 50% with increasing fragility index [72]. Recent measurements on metallic
liquids (ZrCu(Al)) showed that the contribution of the vibrational entropy to the excess entropy is
minor (5%) and is unaffected by the fragility of the liquid [73]. However, the assumption that Sc(T)
can be approximated by ∆Sl−x(T) was shown to not apply in BMG forming systems [65].
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TK represents the Kauzmann temperature, the temperature at which the excess en-
tropy vanishes (see Chapter 2.5). In the case of TK and T0 being identical (both
representing the limit for viscous flow), the VFT equation (Eq. 2.18) is obtained
with D∗ = C/K. The connection between the empirical VFT and the AG equation
shows that the fragility parameter D∗ is related to the kinetic quantity C (∝ acti-
vation energy for cooperative rearrangements) and the thermodynamic quantity K
[59, 74]. In principle, K is connected to the height of the jump of the specific heat
capacity that occurs at Tg. Strong liquids tend to show a small and fragile liquids
a large jump in ∆Cl−g

p (Tg) [59], as shown in the inset in Fig. 2.4. However, excep-
tions to this rule exist (see ethanol in Fig. 2.4). The jump is often approximated
by ∆Cl−x

p (Tg) due to a negligible difference between specific heat capacity of the
glass Cg

p(T) and the crystal Cx
p(T) [75]. In the case of fragile liquids, the pronounced

jump in ∆Cl−x
p (Tg) points towards a larger degeneracy of the potential energy hy-

persurface, which means that a higher density of configurational states is available
to the fragile liquid [74]. This is in turn connected to a more rapidly changing Sc(T)
with temperature for fragile liquids [74]. Within this framework, Martinez and An-
gell showed that the rate of change in ∆Sl−x(T) (=Sex(T)) is high for fragile liquids,
which suggests that Sc(T) and ∆Sl−x(T) change proportionally [71]. If the excess
entropy is plotted as 1/∆Sl−x(T) normalized to its value at Tg as a function of Tg/T
(thermodynamic fragility plot), Fig. 2.5 appears similar to Fig. 2.4 and the liquids
are arranged in the sequence expected from their kinetic fragilities [71]. However,

FIGURE 2.5: Thermodynamic fragility plot. The scaled, inverse ex-
cess entropies of different liquids as function of the Tg-scaled inverse
temperature. The liquids are arranged in the sequence expected from
their kinetic fragilities. For fragile liquids, the rate of change in the

excess entropy is high. Figure taken from Ref. [71].
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it is noted by Martinez and Angell that the scaling factor, the excess entropy at Tg
(∆Sl−x(Tg) or Sex(Tg)), plays a decisive role6 [71]. It is calculated from Eq. 2.6, which
relies on the entropy of fusion ∆S f . As mentioned in the previous section, the de-
termination of the ∆S f requires the definition of a unique temperature, where ∆Gl−x
vanishes. In multicomponent systems that do not show a pure eutectic melting, the
complex melting process prohibits the determination of ∆S f -values that allow a sen-
sible comparison of bulk metallic glass-forming liquids as shown in Fig. 2.5.

Despite their limitations, the connection between thermodynamic and kinetic as-
pects of glass-forming liquids can be schematically generalized as shown in Fig. 2.6.
In contrast to strong glass-forming liquids, fragile liquids possess a more rapidly in-
creasing viscosity as the glass transition is approached. This is related to a distinctly
ascending specific heat capacity upon undercooling, responsible for a rapid loss in
excess entropy. The loss in excess entropy, being proportional to the loss in config-
urational entropy, reflects the growing paucity of available configurations, causing
the viscous slowdown. However, exceptions to this pattern exist, e.g. Pd-based bulk
glass-forming liquids (see Chapter 5).

2.3.2 Structural signature of fragility

The proposed connection between the configurational entropy and the viscous slow-
down upon cooling supports the idea that temperature-induced structural changes
are the origin of the kinetic fragility of a glass-forming liquid. Computer simula-
tions on Cu64Zr36 show that the rapidly ascending specific heat capacity of the su-
percooled liquid upon cooling is connected to a pronounced enthalpy reduction as-
sociated with icosahedral ordering [76]. In contrast, the dominant polyhedra (locally
preferred structure or characteristic SRO [77]) in the Pd82Si18 liquid follow a rather
linear temperature dependence [76]. Although a densification through the increase
of the coordination number from eight to nine is observed, the accelerated enlarge-
ment of a certain polyhedra is not detected [76]. As a consequence, the increase in the
specific heat capacity upon cooling is less pronounced for Pd82Si18 (see Fig. 2.7(a))
and the calculated viscosities reveal a kinetically stronger behavior (Fig. 2.7(b)) [76].

Similar results are obtained for the Mg65Cu25Y10 bulk glass-forming alloy composi-
tion [78], which can be considered as a prototype system for a kinetically and ther-
modynamically strong metallic glass former [63, 65]. Cu-centered bicapped square
antiprisms (BSAP) and tricapped trigonal prisms (TTP) are found to be the locally
preferred structures [78]. The amount of locally preferred structures grow linearly
as a function of the inverse temperature whereas the fraction of full icosahedra in
Cu64Zr36 increases sharply upon approaching the glass transition (Fig. 2.8(a)) [77,
79]. Experimental evidence of icosahedral SRO and its increase with the degree
of undercooling is found in the elastic neutron scattering experiments on levitated
droplets by Holland-Moritz et al. and Schenk et al. [80, 81].

6It is due to the scaling factor that the thermodynamic and kinetic fragility of SiO2 do not coincide.
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FIGURE 2.6: Schematic illustration of the kinetic and thermodynamic
signature of fragility for (bulk metallic) glass-forming liquids. T∗g rep-
resents the glass transition temperature, T∗ the temperature of the
minimum waiting time for crystal formation in an isothermal TTT di-
agram and Tl the liquidus temperature. (a) Temperature dependence
of the equilibrium viscosity/relaxation time of a strong and a fragile
glass-forming liquid. The glass transition is defined as the temper-
ature at which the viscosity of the liquid reaches a value of 1012 Pa
s. (b) Isobaric heat capacity of the crystal, the fragile, and the strong
liquid as a function of temperature. (c) Loss in excess entropy upon
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undercooling for a strong and a fragile liquid. To highlight the dif-
ferent rates at which the excess entropy decreases, it is assumed that
both liquids possess the same entropy of fusion ∆S f . The tempera-
ture at which the difference between the entropy of the liquid and the
crystal vanishes, is the Kauzmann temperature TK (see chapter 2.5).

FIGURE 2.7: (a) Calculated specific heat capacity as function of tem-
perature of the Cu64Zr36 and the Pd82Si18 liquids. The icosahedral or-
dering causes the rapidly ascending specific heat capacity in Cu64Zr36
upon cooling. ∆Cp marks the jump of the specific heat capacity at
Tg. (b) Calculated high temperature viscosity of the Cu64Zr36 and
Pd82Si18 alloy compositions as a function of the inverse, Tg-scaled
temperature. Note that the ordinate is in a linear scale and that only
the high temperature segment is shown. In this temperature regime,
the viscosity of the stronger liquid (Pd82Si18) rises faster than that of
the fragile one Cu64Zr36. This can also be seen on a log-scale in Fig.

2.6(a). Figures taken from Ref. [76].

Beyond the extend of local order with decreasing temperature, it is found in simula-
tions that the representative structural units interconnect, preferably via face sharing
(3-atoms) and at the expense of edge sharing (2-atoms) [77, 78, 82]. As can be seen in
Fig. 2.8(b), this type of medium-range structural evolution [78] is more pronounced
for the fragile liquid Cu64Zr36 [77] and gets more significant for slower cooling rates
[82]. Other simulations show that the interpenetrating icosahedra exhibit a strong
spatial correlation through the formation of a stable string-like network [83, 84], per-
meating the liquid upon cooling [83]. These observations suggest, that, beside the
local SRO, MRO affects the kinetic fragility.

Experimental evidence of the relevance of MRO for the kinetic fragility is found
in in-situ synchrotron X-ray scattering experiments, performed in the supercooled
liquid region of various bulk metallic glass-forming liquids and above Tl for the
Vit106a (Zr58.5Cu15.6Ni12.8Al10.3Nb2.8) alloy composition [85, 86]. It is reported that
the temperature-induced structural evolution on the length scale of ∼3 - 4 atomic
diameters, corresponding to inter-cluster correlations, shows a strong correlation
with the fragility index m [85, 86]. The temperature-induced changes in the third
and fourth peak position of the reduced pair distribution function G(r), r3 and r4,
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FIGURE 2.8: (a) Evolution of characteristic SRO represented by the
fraction of atoms involved. The fraction of full icosahedra (FI) in-
creases sharply for the fragile liquid Cu64Zr36 as the glass transi-
tion is approached, whereas the fraction of the bicapped square an-
tiprisms (BSAP) and tricapped trigonal prisms (TTP) in the strong liq-
uid Mg65Cu25Y10 increases linearly as a function of the inverse tem-
perature. (b) Temperature dependent evolution of the average cluster
connection per atom in Cu64Zr36 and Mg65Cu25Y10. The terms 3-atom
and 2-atom (number of atoms shared) refer to face and edge sharing

of the locally preferred clusters. Figures taken from Ref. [77].

are assumed to be representative for the temperature-induced change in the average
radius of the third and fourth coordination shell. With this in mind, the volume
dilatation in between the third and fourth coordination shell can be written as

ε4−3 = −∆V4−3(T)
V4−3(T

′
g)

= −
V4−3(T)−V4−3(T

′
g)

V4−3(T
′
g)

(2.25)

where V4−3(T) = 4/3π(r3
4(T)− r3

3(T)) and T
′
g is the onset of the supercooled liquid

region upon heating [85]. The rate of volume dilatation defined in the style of Eq.
2.20 as

mV4−3
str =

dε4−3

d(T′g/T)

∣∣∣∣
T=T′g

, (2.26)

yields the structural fragility parameter mV4−3
str . The correlation between the mV4−3

str
and the kinetic fragility index m is shown in Fig. 2.9 and suggests that kinetically
fragile liquids experience pronounced structural changes on the MRO length scale.
In Refs. [85] and [86], these structural changes are interpreted in terms of a volume
contraction on a length scale of about 1 nm upon cooling and might point towards
a rapid expansion of MRO, resembling what is observed in computer simulations
[87].

In a study by Mauro et al., the peak height of the first sharp diffraction peak of the
total-scattering structure function S(Q) is used as structural metric that is correlated
with the kinetic fragility [88]. The mismatch between the value for S(Q1) of the high
temperature liquid at Tg, obtained from a linearly extrapolation of the high temper-
ature data, and S(Q1) at Tg is larger for fragile liquids. The accelerated change in
S(Q1) that fragile liquids need to undergo upon approaching Tg is attributed to the
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FIGURE 2.9: Correlation between the structural fragility parameter
mV4−3

str and the kinetic fragility index m of different bulk glass-forming
liquids. The compositions of the alloys can be found in Ref. [85].

Figure taken from Ref. [85].

rate of ordering in the liquid [88]. However, the study does not consider the occur-
rence of a fragile to strong transition in the liquid upon cooling. The alloy compo-
sition Vit1067 (Zr57Cu15.4Ni12.6Al10.0Nb5), which is chosen to represent a kinetically
strong liquid, shows a distinctly stronger behavior at low than at high temperatures
[39]. In the related alloy composition, Vit106a, the difference between high and low
temperature fragility is a result of a transition from a fragile to a strong liquid oc-
curring in the supercooled liquid [86]. The occurrence of such a transition is even
suggested for a binary Cu-Zr alloy [84].

2.4 Nucleation, growth and the glass-forming ability

Although a driving force for the formation of a crystalline nucleus is generated as
soon as the temperature of the liquid falls below Tl (see Chapter 2.2), crystallization
does not necessarily occur on a finite time scale. The reason is that the formation
of small particle of a solid phase first rises the Gibbs free energy of the system. The
Gibbs free energy of a system, containing a volume VS of a solid phase is given by

GLS = GL + ∆G, (2.27)

where GL is the Gibbs free energy of the pure liquid. The change in the Gibbs free
energy due to the formation of solid cluster is expressed as

∆G = −VS∆Gl−x(T) + ASLγl−x, (2.28)

7The alloy composition in Ref. [88] is indicated as Vit106a. However, the stated alloy composition
is commonly termed as Vit106 [64].
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where ∆Gl−x(T) is the volumetric Gibbs free energy difference given by Eq. 2.48, ASL
is the interfacial area between the solid and the liquid and γl−x is the solid/liquid in-
terfacial energy. As the structure of the liquid changes upon undercooling (decreasing
configurational entropy, evolution of short-/medium range order), γl−x is strictly
speaking a function of temperature. However, in further considerations it is as-
sumed to be constant. From Eq. 2.28 it can be seen that the formation of a solid
cluster with a volume VS yields a negative contribution to ∆G as ∆Gl−x(T) is always
positive below Tl (see Fig. 2.2). The formation of a new interface between the liquid
and the crystalline cluster contributes positively to the change in the Gibbs free en-
ergy, thus acting against a spontaneous crystal formation. Assuming the formation
of a spherical particle with a radius r, Eq. 2.28 becomes

∆G = −4
3

πr3∆Gl−x(T) + 4πr2γl−x. (2.29)

The visualization of Eq. 2.29 in Fig. 2.10 explains why the system can remain in
the metastable supercooled liquid state almost indefinitely for a small undercooling.
The competition between surface and volume contribution at a given ∆T leads to the
situation that Eq. 2.29 passes through a maximum at a value r∗, the critical nucleus
size. At cluster sizes below r∗ the surface contribution dominates, and the system can
lower its Gibbs free energy by the dissolution of the crystalline assembly of atoms
(embryo). If statistical fluctuations lead to the formation of a cluster with a radius
r∗, a reduction of the Gibbs free energy can either be obtained by the dissolution or
the growth of the cluster. Clusters who exceed r∗ are called supercritical nuclei and
contribute to the crystallization of the entire liquid. r∗ is deduced from d∆G

dr = 0 and
is given by

r∗ =
2γl−x

∆Gl−x(T)
. (2.30)

Inserting Eq. 2.30 into Eq. 2.29 yields the nucleation barrier ∆G∗ that needs to be
overcome to form a supercritical nucleus

∆G∗ =
16πγ3

l−x

3∆Gl−x(T)2 . (2.31)

By applying the Turnbull approximation for the driving force for crystallization (Eq.
2.12), r∗ and ∆G∗ can be written as a function of ∆T:

r∗ =
2γl−xTl

∆H f ∆T
, (2.32)

∆G∗ =
16πγ3

l−xT2
l

3∆H2
f ∆T2

. (2.33)

The dependence of r∗ and ∆G∗ on the level of undercooling indicates that the proba-
bility that a supercritical nucleus forms increases with increasing undercooling (Fig.
2.10). The average number of spherical clusters with a radius r per volume is given
by [50]

nr = n0exp
( ∆G

kBT

)
, (2.34)

8In Eq. 2.4, ∆Gl−x(T) is given in J/g-atom, in Eq. 2.28 in J/m3.
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FIGURE 2.10: Change in the Gibbs free energy of a liquid through
the formation of a spherical, crystalline particle with radius r. ∆G
comprises a surface and a volume contribution. r∗ and ∆G∗ denote
the critical nucleus size and the nucleation barrier. Particles smaller
than r∗ will on average shrink whereas those larger than r∗ will on
average grow. Upon undercooling (∆T), r∗ and ∆G∗ decrease and the

probability for the formation of supercritical nuclei increases.

where kB is the Boltzmann’s constant, n0 is total number of atoms in the system and
∆G is the Gibbs free energy change caused by the formation of embryos with a radius
r according to Eq. 2.29. This relation only applies for r ≤ r∗ since clusters exceeding
r∗ already belong to the solid phase. The nucleation rate is given by the number of
clusters that become supercritical. Clusters that may become supercritical need to
grow to the critical nucleus size r∗. Their amount per volume can be obtained from
Eq. 2.34 as [50]

n∗r = n0exp
(∆G∗

kBT

)
, (2.35)

by substituting ∆G with the nucleation barrier ∆G∗ (Eq. 2.31). As shown in Fig. 2.10,
critical nuclei (those with a radius r∗) can either dissolve or grow, since both paths
lower the Gibbs free energy of the system. The occurrence of supercritical nuclei
depend on the number of atoms that jump from the adjacent liquid to the critical
nuclei and the process is therefore governed by atomic diffusion [44]. The average
atomic diffusion coefficient D is connected to the characteristic atomic jump frequency ν
via

D(T) = a2
0ν(T) = a2

0ν0exp
(
−EA

kBT

)
, (2.36)

containing an average activation energy for atomic diffusion EA, the average atomic
diameter a0 and the vibration frequency of the atoms ν0 [44]. The time independent
nucleation rate Iv(T), the steady state nucleation rate, is obtained by multiplication of
the amount of critical nuclei and the atomic jump frequency, reflecting jumps toward
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the critical nuclei,

Iv(T) = Aν(T)exp
(∆G∗

kBT

)
, (2.37)

where A is a constant. Turnbull argued that the average atomic jump time 1/ν
should scale with the shear viscosity [28]. The diffusion coefficient, being propor-
tional to the jump frequency, is connected to the viscosity via the Stokes-Einstein
relation:

D(T) =
kBT

6πη(T)a0
. (2.38)

Assuming that the Stokes-Einstein relation is valid in the temperature range between
Tl and Tg, the jump frequency in Eq. 2.37 can be replaced by the temperature de-
pended viscosity which is given by Eq. 2.18. Inserting Eq. 2.31 in Eq. 2.37 yields the
following expression for the nucleation rate [44]:

Iv(T) =
Av

η(T)
exp
( −16πγ3

l−x

kBT∆Gl−x(T)2

)
, (2.39)

where Av is a constant and ∆Gl−x(T) is given by Eq. 2.10. The temperature de-
pended velocity at which the solid/liquid interface of a supercritical nucleus pro-
ceeds, the growth rate u, can be calculated as [89]

u(T) =
f kBT

3πa2
0η(T)

[
1− exp

(
n∆Gl−x(T)

kBT

)]
, (2.40)

where n is the average atomic volume and the pre-factor f reflects the roughness of
the interface between liquid and crystal on an atomic scale [90] and is assumed to be
unity if ∆H f /Tl < 2R (rough interface) and 0.2(T − Tl)/Tl if ∆H f /Tl > 4R (smooth
interface) [89, 90].

The general shape of Iv(T) and u(T) are shown in Fig. 2.11. Due to the high atomic
mobility and the low Gibbs free energy difference between the liquid and the crystal,
the nucleation rate is vanishingly small, and growth dominates. The high driving
force and low atomic mobility at low temperatures changes the balance of power
between nucleation and growth. The different temperature regions, in which nu-
cleation or growth dominate, lead to the commonly observed dependence of the
crystalline microstructure on the level of undercooling. At slow cooling rates, crys-
tallization occurs at a low level of undercooling and the crystalline solid is composed
of a small amount of large grains, grown from the few supercritical nuclei. Higher
cooling rates give rise to a more fine-grained microstructure.

Assuming that Iv(T) and u(T) are independent of time, that u(T) is isotropic (trans-
forming regions stay spherical), and that the transformation is polymorphic [91], the
crystallized volume fraction x in a liquid at a time t > t′ can be expressed as [92]

X(T) =
4π

3
Iv(T)u(T)3

∫ t

t′=0
(t− t′)3dt′

=
π

3
Iv(T)u(T)3t4,

(2.41)

where t′ is the time up to which X(T) is zero. Equation 2.41 is only valid in the initial
stage of the crystallization process [92]. As the nuclei grow in size with time, they
impinge on each other and develop a common interface. If impingements are taken
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FIGURE 2.11: Nucleation rate and growth rate as a function of tem-
perature. At the liquidus temperature the Gibbs free energy differ-

ence between the liquid and the crystal vanishes.

into account, X(T) can be written as

−ln(1− X(T)) =
4π

3
Iv(T)u(T)3

∫ t

t′=0
(t− t′)3dt′

X(T) = 1− exp(
π

3
Iv(T)u(T)3t4),

(2.42)

which is known as the Johnson-Mehl-Avrami-Kolmogorov (JMAK) equation [91, 92].
For a fixed volume fraction of crystals X, Eq. 2.42 can be transformed into the form

t(T) =
(
−3ln(1− x)
π Iv(T)u(T)3

)1/4

, (2.43)

describing the typically nose shaped temperature dependence of the crystallization
process in a TTT diagram as shown in Fig. 1.1. The Tg-line in the TTT diagrams is
derived from the VFT equation (Eq. 2.18) and is mathematically expressed as

Tg(τα) = T0 +

(
D∗T0

ln(τα/τ0)

)
. (2.44)

Iv(T) and u(T) in Eq. 2.43 determine the shape and the position of the crystalliza-
tion nose. Both quantities depend on the Gibbs free energy between the liquid and
the crystal, the atomic mobility represented by the viscosity of the liquid and the in-
terfacial energy between the liquid and the competing crystal. Therefore, these pa-
rameters are the crucial factors determining the glass-forming ability of bulk glass-
forming liquids as they shift the crystallization nose, which needs to be bypassed, to
longer or shorter times. Figures 2.12, 2.13 and 2.14 illustrate how Iv(T) (Eq. 2.39),
u(T) (Eq. 2.40) and t(T) (Eq. 2.43) change if the driving force, the fragility and the
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interfacial energy of a liquid is varied. Figure 2.12 illustrates the effect of ∆Gl−x
(Eq. 2.10) by varying ∆S f

9 from 5 to 14 J g-atom-1 K-1, which are values typically
found for BMG forming liquids. The kinetic fragility and the interfacial energy are
kept constant. As can be seen in Fig. 2.12(a), the maximum of the nucleation rate
shifts to lower temperatures and changes approximately by 14 orders of magnitude,
whereas u(T) (2.12(b)) remains rather unaffected. The reduction of the driving force
pushes the crystallization nose to five orders of magnitude longer times and lower
temperatures (2.12(c)).

In Fig. 2.13 only the fragility of the liquid is varied. The fragility parameters are
chosen such that it represents a very fragile liquid (D∗ = 6.8, T0 = 421.1K), a liquid
with intermediate fragility (D∗ = 15.3, T0 = 354.5K) and a strong liquid (D∗ =
23.8, T0 = 305.4K). Fragile liquids posses a T0 that is closer to T∗g since their viscosity
ascends more rapidly in the low temperature regime. As all liquids possess the same
T∗g (=498 K), the curves meet at the glass transition temperature. In this case, u(T),
shown in Fig. 2.13(b), changes by three orders of magnitude, however, its maximum
remains close to Tl . The maximum of Iv(T) and t(T) (Fig. 2.13(a) and (c)) are both
found to shift by four orders of magnitude when the fragility of the liquid changes
from fragile to strong. The stronger the liquid, the higher is the viscosity at the
temperature of the minimum waiting time for crystal formation T∗ (nose temperature) as
shown in Fig. 2.6(a), resulting in slower crystallization kinetics which shift t(T) to
longer times.

Although the interfacial energy only affects Iv(T), it is a factor that should not be
underestimated as it contributes to the power of three to the exponential function
in Iv(T). γl−x comprises an enthalpic and an entropic contribution, arising from
non-saturated bonds and the partial ordering in the interface [44]. The model of
Spaepen [93] describes the solid/liquid interface as densely packed, suggesting that
the origin of γl−x is mainly entropic [44]. γl−x can be estimated from the following
expression [44]:

γl−x = α
∆S f T

N1/3
A V2/3

m
, (2.45)

where Vm is the molar volume and α10 takes the structure of the solid into account.
Equation 2.45 implies that γl−x is linked to ∆S f of an alloy. As shown in Fig. 2.14,
an increasing γl−x from 0.02 to 0.11 J/m2 decreases the maximum of Iv(T) by 16 or-
ders of magnitude, resulting in an increase in the minimum waiting time for crystal
formation by six orders of magnitude. As a growing γl−x hampers the formation of
supercritical nuclei by increasing the nucleation barrier, it is reasonable that Iv(T)
and t(T) are shifted to lower temperatures.

The position of the crystallization nose is connected to the critical casting thickness
dc since it determines the critical cooling rate that is needed to avoid the crystalliza-
tion of the liquid. Johnson et al. established an empirical connection between the
minimum waiting time for crystal formation τ∗X at T∗ and dc [17]. τ∗X is calculated as

τ∗X = 0.00419d2.54
c . (2.46)

With Eq. 2.46, the effect of ∆Gl−x, the kinetic fragility and γl−x on τ∗X can be con-
verted into a dc value. A hypothetical TTT diagram for a fragile liquid with a large
∆S f and a low γl−x (1), a liquid of intermediate fragility with an intermediate ∆S f

9The parameter a, b, c, d in Eq. 2.10 remain constant.
10α is 0.71 and 0.86 for a bcc and a hcp structure, respectively [44].
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FIGURE 2.12: Effect of the Gibbs free energy difference between the
liquid and the crystal (Eq. 2.10) on (a) the nucleation rate, (b) growth
rate and (c) the TTT diagram. At the liquidus temperature (Tl) the
Gibbs free energy difference between the liquid and the crystal van-
ishes. The glass transition temperature in (a) and (b) is the tempera-

ture at which the liquids reach a viscosity value of 1012 Pa s.
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FIGURE 2.13: Effect of the kinetic fragility of the liquid (Eq. 2.18) on
(a) the nucleation rate, (b) growth rate and (c) the TTT diagram. At the
liquidus temperature (Tl) the Gibbs free energy difference between
the liquid and the crystal vanishes. The glass transition temperature
in (a) and (b) is the temperature at which the liquids reach a viscosity

value of 1012 Pa s.
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FIGURE 2.14: Effect of the interfacial energy between the liquid and
the competing crystal on (a) the nucleation rate and (b) the TTT dia-
gram. At the liquidus temperature (Tl) the Gibbs free energy differ-
ence between the liquid and the crystal vanishes. The glass transition
temperature in (a) is the temperature at which the liquids reach a vis-

cosity value of 1012 Pa s.

and a intermediate γl−x (2) and a strong liquid with an intermediate ∆S f and a large
γl−x (3) is shown in Fig. 2.15. The liquid with the poorest prerequisites for glass
formation, liquid (1), possesses a τ∗X in the order of 10−8 s. With a dc of 7.5 µm, this
liquid is reminiscent of a very poor glass former that might vitrify on one side of a
melt spun ribbon that is in contact with the copper wheel. As the thermodynamic
and kinetic properties change to ease glass formation, τ∗X and T∗ shift to longer times
and lower temperatures, respectively. Liquid (3) featuring a τ∗X of 156 s would vit-
rify if cast in a mold with a diameter of 63 mm which is close to the largest dc ever
achieved for metallic bulk glass-forming liquids.

The previous considerations take intrinsic factors of the liquid into account. Extrin-
sic factor that affect the position of the crystallization nose are commonly attributed
to heterogeneous nucleation. Heterogeneous nucleation describes the reduction of
the nucleation barrier ∆G∗ due to the presence of an external interface to which the
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FIGURE 2.15: Effect of the interfacial energy γl−x, the Gibbs free en-
ergy difference between the liquid and the crystal (represented by the
entropy of fusion ∆S f ), and the kinetic fragility of a liquid on the
crystallization nose in a TTT diagram. The parameters are changed
successively from liquid (1) to (3) to ease glass formation by shifting
the minimum waiting time for crystal formation τ∗X , marked with a
cycle, to longer times. The critical casting thickness is estimated from

Eq. 2.46 using τ∗X .

solid embryo attaches. The potential of an interface to lower the nucleation barrier,
depends on how the embryo wets the surface. The effect of the wetting can be math-
ematically taken into account by

S(θ) = (2 + cos(θ))(1− cos(θ))2/4, (2.47)

where θ is the wetting angle. If the embryo is attached to the surface (0◦ < θ < 180◦),
the heterogeneous nucleation barrier, given by

∆G∗het = ∆G∗homS(θ), (2.48)

is lower than the homogeneous nucleation barrier ∆G∗hom (Eq. 2.31). The catalytic
effect of an artificial surface is most pronounced for low wetting angles. A wetting
angle of 10◦ lowers the nucleation barrier by four orders of magnitude. It is for that
reason that heterogeneous nucleation needs to be avoided during casting bulk glass-
forming liquids. Figure 2.16 shows schematically the effect of heterogeneous nucle-
ation on the crystallization nose and thus on Rc. The production of fully amorphous
samples requires higher cooling rates if heterogeneous nucleation sites are present
[94, 95]. The probability of the occurrence of heterogeneous nucleation is lowered
if high purity elements are used for the alloy synthesis [94, 96]. Beside oxide parti-
cles with high melting points, the formation of oxygen stabilized phases that do not
dissolve at the (original) Tl of the alloy composition, are found to initiate heteroge-
neous nucleation [97]. Moreover, mold walls can serve as regions for heterogeneous
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FIGURE 2.16: Effect heterogeneous nucleation sites on the schematic
TTT diagram of a glass-forming liquid. Heterogeneous nucleation in-
creases the critical cooling rate (Rc) and thus reduces the critical cast-
ing thickness of the alloy composition. The effect of heterogeneous
nucleation on the nose temperature T∗ and the overall shape of the

crystallization nose is neglected.

nucleation. Although fused silica possesses a much lower thermal conductivity than
metallic molds, the accesses to the glassy state can be simplified as embryos do not
benefit from the amorphous fused silica surface [98]. Furthermore, cavities may af-
fect the level of undercooling as observed in nucleation experiments on liquid Sn
[99, 100]. At limited overheating level, residual solid Sn can be preserved in cavities
which serves as nucleation site reducing the maximum achievable undercooling.

For some alloys, the detrimental effect of heterogeneous nucleation can be reduced
through melting the alloy in B2O3. For energetic reasons, oxide particles leave the
metallic liquid and are trapped within the B2O3 [101]. This fluxing process purifies
the liquid by lowering the oxygen content [98] and enhances the GFA significantly
[102–104]. In an Al-based liquid, a salt-flux (MgCl2 − CaCl2) is found to effectively
increase dc from 1.5 mm (Rc ≈ 450K/s) to 2.5 mm (Rc ≈ 160K/s) [105] and electro-
deoxidation in CaCl2 improves the GFA in Zr- and Cu-based alloys [106].

Consequently, the shape of the time and temperature dependent crystallization pro-
cess is a result of competition of the decreasing atomic mobility and the increasing
driving force for crystallization, effected by the interfacial energy between the liquid
and the competing crystal as well as by extrinsic factors like heterogeneous nucle-
ation. Basically, each liquid is subject to this process and time is the decisive factor.
Through ultra-fast quenching, even a pure metal (liquid Ta), possessing a Rc of ap-
proximately 5× 1012K/s and a τ∗X of 300 picoseconds, can be successfully vitrified
[107].
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2.5 Properties of the frozen-in and supercooled liquid

2.5.1 The entropy catastrophe

As discussed in the previous section, the temperature dependent change of the phys-
ical properties fundamentally determines the capability of a supercooling liquid to
form a glass. Beside the rapid increase in viscosity upon approaching the glass tran-
sition, the ascending specific heat capacity and the associated loss in excess entropy
are the most striking features accompanying the process of undercooling.

Kauzmann was the first to notice that the extrapolated course of the excess entropy
(∆Sl−x) leads to the puzzling scenario of a disordered, supercooled liquid, possess-
ing a lower entropy than the ordered, competing crystal above absolute zero. The
temperature at which the excess entropy vanishes is the Kauzmann temperature TK
(Fig. 2.6(c)). Kauzmann suggested that this paradox is prevented by crystalliza-
tion of the supercooled liquid before reaching TK. The hypothesis is based on the
argument that the large driving force for nucleation close to TK reduces the energy
barrier for crystallization to the same height as the energy barrier for atomic rear-
rangements [43], impeding the access to the metastable equilibrium and forcing the
liquid to crystallize. However, this argument neglects the effect of the kinetic con-
tribution (atomic diffusion). The interplay of the atomic dynamics with thermody-
namic parameters affects the appearance of the lower portion of the crystallization
nose as shown in Chapter 2.4. Therefore, the crystallization time tx(T → TK) is ex-
pected to exceed the structural relaxation time τα(T → TK) [108], which would allow
the liquid to equilibrate close to TK if the timescales were experimentally accessible
(Fig. 2.17(a)).

In this case, a resolution to the Kauzmann paradox is given by Gibbs and DiMarzio
suggesting that the liquid transforms via a second-order phase transition to an "ideal
glass" at TK [109]. The idea gave rise to the Adam-Gibbs theory [68], predicting a
diverging timescale for structural relaxation at TK (Eq. 2.24). This ultimately leads to
an unavoidable glass transition, in accordance with the empirical VFT equation for
TK = T0

11.

However, the existence of an "ideal glass transition" is questioned by Tanaka [108].
He argued that the assumption of tx >> τα is based on the validity of the Stokes-
Einstein equation (Eq. 2.38), connecting the atomic diffusivity with τα [108], which is
found to break down for some of the constituent elements in the supercooled liquid
region [111–113]. The decoupling of the timescales for translational diffusion, τD(T),
and structural relaxation, τα(T), is ascribed to dynamic heterogeneities [114] affect-
ing the crystallization kinetics [108]. Masuhr et al. have shown that the lower por-
tion of the isothermal crystallization nose of Vitreloy 1 (Zr41.2Ti13.8Cu12.5Ni10.0Be22.5),
shown in Fig. 2.17(b), cannot be described by Eq. 2.43 using η(T) (or τα(T)) as input
parameter, suggesting that the observed decoupling between the time scales of the
diffusion of the small and medium sized atoms and τα changes the appearance of
the crystallization nose [111]. As shown in Fig. 2.17(a), the relevance of τD for the
crystallization process shifts the crystallization onset to shorter times, represented
by the tx(τD branch). As a result, the crystallization nose intersects with τα(T) at a
temperature above TK. The intersection temperature, TLML, marks the lower limit of

11In metallic glass-forming liquids, TK derived from ∆Sl−x(T) does usually not coincide with T0. If

Sc(T) in Eq. 2.22 is expressed as Sc(Ta)−
∫ Ta

T
∆Cl−x

p (T′)
T′ dT′, where Sc(Ta) is a fitting parameter repre-

senting the configurational entropy at an arbitrary temperature Ta, TK is found to be very close to T0
[65, 110].
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FIGURE 2.17: (a) Schematic illustration of the effect of the decoupling
of the timescales for translational diffusion, τD(T), and structural re-
laxation, τα(T) (VFT equation), on crystallization time (tx(T)). As
the relevant transport process for crystallization is the translational
diffusion, the decoupling, occurring at TD, changes the shape of the
lower portion of the crystallization nose from the tx(τα branch) to the
tx(τD branch). This results in an intersection point between τα(T) and
tx(T) at the temperature TLML which is above TK. TLML marks the
lowest metastable limit below which the glass crystallizes before it
reaches the metastable equilibrium. Figure after Ref. [108]. (b) TTT
diagram for primary crystallization of Vit 1. The two branches (tx(τα)
and tx(τD)) are represented by the solid and dashed line. TD is ap-
proximately at 850, TLML at 600 and T0 at 413 K. Figure taken from

Ref. [63].

metastability [108]. This means that a liquid cannot be cooled below TLML without
crystallizing or that glassy samples which are annealed below TLML will crystallize
before reaching the metastable equilibrium. Thereby, the entropy catastrophe is pre-
vented.
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Indeed, the experimental data in Fig. 2.17(b) show that TLML is located at around
600 K, below which the metastable equilibrium should not be accessible. A similar
observation has been made in the newly developed Pd-Ni-S bulk glass-forming al-
loy system. Although exhibiting a stable supercooled liquid region in continuous
heating experiments, the samples crystallize before reaching the metastable equi-
librium if annealed below the caloric Tg [115], suggesting that TLML is located right
below Tg. The decoupling might also be connected to a changing primary crystalline
phase as observed in different metallic glass-forming systems [116, 117].

2.5.2 From the glass to the supercooled liquid: phenomena of structural
relaxation

The unstable, glassy state originates from the freezing-in of the metastable, super-
cooled liquid whose properties are independent of time (if crystallization is ex-
cluded). Even far below Tg, the unstable glass urges to access the metastable state.
However, the ceasing atomic mobility prevents approaching the metastable equilib-
rium on human timescales. As the temperature is raised and Tg is approached, the
mobility of the atoms is slowly recovered and the glassy state starts evolving to-
wards the metastable equilibrium which is associated with a change in the physical
properties with time. The change in the physical properties upon transforming from
a glass to a liquid is referred to as structural relaxation or physical aging.

It should be noted that the process of relaxation in metallic glasses can be separated
into changes in the topological short-range order (TSRO) and the reversible chem-
ical short-range order (CSRO) [118, 119]. The former refers to cooperative atomic
rearrangements responsible for the increase in density and viscosity (α-relaxation)
[120], whereas the latter is related to rearrangements in the chemical surrounding of
atoms on nearest neighbor length scale [121]12. This atomic short-range diffusion,
effected by the distinct interactions among the elements (negative heat of mixing)
[122], is assumed to be linked to the secondary β-relaxation [123]. The β-relaxation
process, being connected to the α-relaxation [124], is observed in the loss modulus
during a continuous temperature scan in a dynamic mechanical analyzer and occurs
at lower temperatures than the α-relaxation13. The idea that the β-relaxation process
is governed by string-like atomic rearrangements [126] was recently supported by
computer simulations [124].

The signature of both relaxation phenomena is visible in various measurement sig-
nals. The following considerations focus on the α-relaxation process, although both,
TSRO and CSRO, may contribute to the measurement signals.

Upon continuous heating

Depending on the cooling rate, various glassy states with different volume, en-
thalpy and entropy, can be frozen (the glassy states vary in their fictive temperatures,
Tf ictive). Upon heating a rapidly quenched sample, a heat release (exothermic) is ob-
served in a thermogram as shown schematically in Fig. 2.18(a). The exothermic sig-
nal bears upon an enthalpy reduction (2.18(b)) associated with a densification of the
sample, through the cooperative rearrangements of atoms [128–130]. The increas-
ing atomic mobility during a temperature scan allows the glass to leave its enthalpic

12Recent experiments indicate that CSRO does not invoke a densification of the sample [121].
13At even lower temperature, the occurrence of an additional relaxation process, termed γ-

relaxation, has recently been reported [125].
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FIGURE 2.18: Change in the thermophysical properties of metallic
glass upon heating at a constant rate (schematic). (a) shows the heat
flow as a function of temperature. Indicated are the exothermic relax-
ation event, the endothermic enthalpy recovery, the onset of the glass
transition, Tonset

g and the end of the glass transition (GT), Tend
g . Tx

marks the temperature at which the supercooled liquid (SCL) crystal-
lizes. (b) Enthalpy or volume difference between the liquid (or glass)
and the crystal (excess enthalpy ∆Hl−x or excess volume Vex) upon
heating. The horizontal dashed line represents the enthalpic as-cast
state and the dashed arrows indicate the isothermal relaxation path-
way. The inset magnifies the enthalpy undershoot attributed to the
enthalpy recovery effect. (c) Continuous viscosity change upon heat-
ing a metallic glass sample. The viscosity overshoot is associated with
the enthalpy recovery. Experimental evidence of the viscosity over-

shoot can be found in Ref. [127].
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as-cast level, reduce the amount of excess free volume (which is connected to an
increase in the electric resistance [131]) and approach the metastable equilibrium14.

At a certain temperature, the system reaches its equilibrium value. However, in
some cases, the system is not able to follow the equilibrium line due to the slug-
gish dynamics. As soon as the atomic mobility permits, the system accelerates its
excess volume production in order to catch up with the enthalpy or volume curve
of the equilibrium liquid [119]. In the DSC scan shown in Fig. 2.18(a), this effect
is visible as an endothermic peak, whereas the system exceeds the viscosity of the
metastable equilibrium state in a continuous viscosity measurement (Fig. 2.18(c)).
This process is termed de-aging [136] or enthalpy recovery [137] and its magnitude
strongly depends on the thermal history of the sample [130]. As the system reaches
the equilibrium line again, the glass transition is completed (Tend

g ) and the metastable
equilibrium is reached. Upon further heating, the liquid resides in equilibrium until
crystallization intervenes. Crystallization is reflected by a pronounced exothermic
reaction at Tx associated with a drop in enthalpy. The formation of crystals deprives
the system of its ability to flow, represented by the soaring viscosity in Fig. 2.18(c).

At constant temperature

To access the metastable equilibrium liquid at long time scales, isothermal relaxation
experiments can be conducted below the calorimetric glass transition. The pathway
from the glassy to the liquid state at constant temperature follows a stretched expo-
nential function, the Kohlrausch-Williams-Watts (KWW) function [138] of the form:

φ(t) = φ0 + ∆φ

(
1− exp

(
−
(

t
τKWW

)βKWW))
, (2.49)

where φ(t) is the relaxing quantity, φ0 the value of φ at t = 0, ∆φ the total change of φ
during the relaxation process, τKWW the characteristic relaxation time and βKWW the
stretching exponent. The equilibrium value of φ can be calculated as φeq = φ0 + ∆φ.

The origin of the stretched exponential behavior might be explained by two fun-
damentally different scenarios [139]. In the first scenario, the (homogeneous) su-
percooled liquid is composed of nearly identical structural units relaxing in a non-
exponential manner. Alternatively, the non-exponential behavior may arise from
the heterogeneous nature of the supercooled liquid, consisting of a variety of struc-
tural environments, each with an individual, exponential relaxation behavior [114],
resulting in a spectrum of relaxation times [140]. The latter case is currently as-
sumed to be correct [141], as experiments and computer simulations point towards
spatially heterogeneous dynamics in supercooled liquids [83, 142–144]. Therefore,
the deviation from the pure exponential behavior (βKWW = 1) can be regarded as a
measure of the local structural diversity within a supercooled liquid, which usually
decreases with increasing temperature. This is associated with a monotonically in-
creasing βKWW with T, reaching unity in the high fluidity range [145]. Consequently,
the glass, resulting from a heterogeneous liquid, features a non-uniform structure.

Figure 2.19 shows the relaxation scenario of isothermal viscosity measurements at
a temperature T1 and T2. The initial viscosity at the beginning of the isothermal

14The glass can also be brought to higher enthalpic states through cold deformation [132], elastostatic
loading [133], ion irradiation [134] or cryogenic cycling [135]. These processes "rejuvenate" the metallic
glass.
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FIGURE 2.19: Isothermal viscosity relaxation at two different temper-
atures below Tg. (a) Isothermal relaxation pathway at T1 ((1)→(2))
and at T2 ((3)→(4)). ηa is the initial viscosity at the beginning of the
annealing experiments and depends on the heating rate used to reach
the desired temperature. ∆η is the viscosity increase during the re-
laxation experiment and ηeq is the equilibrium viscosity reached after
a sufficiently long annealing time. ηeq is connected to the average in-
trinsic relaxation time τα, which is proportional but not equal to τKWW
or τKWW(99.99 %). (b) Temporal evolution of the viscosity during the
relaxation experiments at T1 ((1)→(2)) and T2 ((3)→(4)). τKWW and
τKWW(99.99 %) refer to the states at which 63.21 % and 99.99 % of the

relaxation process is completed.

segment, ηa, depends on the heating rate that is used to approach the desired tem-
perature [127]. During the isothermal annealing, the change in viscosity of the re-
laxing glass can be described by Eq. 2.49 (Fig. 2.19(b)). The stretching exponent
βKWW is found to approach unity at the calorimetric glass transition [130, 146]. Due
to the rather slow heating used to reach the annealing temperature, a large portion
of the relaxation process already occurred in the heating process, narrowing the ob-
servable part of the relaxation spectrum and therefore affecting βKWW . The average
relaxation time τKWW , obtained as a fitting parameter in Eq. 2.49, describes the time
that is needed to complete 63.21 % (i.e. 1− 1/e, Eq. 2.49) of the isothermal relaxation
process. It should be noted that τKWW is not equal but proportional to the average
intrinsic relaxation time τα of the liquid. From Eq. 2.1 it can be estimated that τKWW
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is approximately 2 orders of magnitude slower than τα [111]. Another value that can
be derived from the relaxation experiments is the time that is needed for virtually
full equilibration of the system, τKWW(99.99 %). τKWW(99.99 %) refers to the state at
which 99.99 % of the relaxation process is completed and can be calculated from Eq.
2.49 as

τKWW(X) = τKWW
(
−ln(1− X)

)1/βKWW , (2.50)

where X (0 < X < 1) represents the degree of relaxation. The temperature depen-
dence of equilibrium viscosity ηeq, and the relaxation times τKWW and τKWW (99.99 %)
can be described by Eq. 2.18 yielding comparable values for the fragility parameter
D∗ [130].

2.5.3 Crystallization of the supercooled liquid

The crystallization process in metallic glass-forming liquids is determined by nu-
cleation and growth (Chapter 2.4). The different temperature dependencies of the
nucleation and growth process, shown in Fig. 2.11, lead to diverse appearance of the
crystallization event. At high temperature, the growth rate passes through a maxi-
mum and the nucleation rate is simultaneously vanishingly small. This means that
the formation of a supercritical nucleus depends on a statistical fluctuation in the
liquid. Upon decreasing temperature, the probability that such a fluctuation occurs
increases as the critical nucleus size (Eq. 2.30) and the nucleation barrier decreases
(Eq. 2.29). However, the crystallization process in the upper part of the TTT diagram
is a highly statistical process and the onset of crystallization at a certain temperature
may occur within a time interval of thousands of seconds [147, 148]. As the for-
mation of a supercritical nucleus is the limiting factor, the crystallization process at
high temperatures is termed nucleation controlled [147]. In the Pd43Cu27Ni10P20 al-
loy composition, the formation of a single supercritical nucleus is connected to the
avalanche like crystallization of the entire sample [147]. This might be traced back
on the fact that the formation of the nucleus in a near eutectic alloy composition lo-
cally changes the composition in the surrounding of the nucleus, which destabilizes
the liquid against crystallization and causes a chain reaction leading to the overall
crystallization of the sample [147]. On the other hand, the crystallization process oc-
curs very reproducible without considerable fluctuations in the lower portion of the
TTT diagram. As the nucleation barrier is extremely small close to Tg, the crystalliza-
tion of the sample is limited by the growth of spontaneously formed or pre-existing
nuclei. Therefore, the crystallization process in the low temperature region is growth
controlled (or diffusion controlled) [147].

In Zr-based alloys it has been observed that the crystallization process below a cer-
tain temperature is affected by a chemical decomposition ending up in the crystal-
lization of the liquid. In free-cooling experiments on levitating droplets of Vitreloy
1, a small recalescence is observed [149] which is attributed to a phase separation
below 800 K [150] into a Ti-rich (Be-lean) and a Ti-lean (Be-rich) supercooled liquid
[151] followed by the formation of nano-crystals [152]. This process might be con-
nected to the decoupling of the diffusion of the small and medium size atoms and
τα, observed by Masuhr et al. [111]. A phase separation process is found in differ-
ent alloy compositions [153, 154] and may even enhance the plasticity15 of an alloy
[156, 157]. An indication of a phase separation and/or crystallization is the deviation

15Plasticity can be increased by embedding a crystalline phase into the amorphous matrix (metallic
glass composites) [155].
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from the equilibrium viscosity plateau value ηeq during an isothermal measurement
which is often seen in Zr-based alloys [64, 158].

Another intriguing observation in metallic glass-forming liquids is the pronounced
asymmetry in the crystallization behavior during constant heating and cooling. As
shown in Fig. 2.20, the appearance of the TTT diagram changes when measured

FIGURE 2.20: Isothermal TTT diagram of Au49Ag5.5Pd2.3Cu26.9Si16.3.
The crystallization event is measured upon cooling from the equilib-
rium melt and upon heating from the glassy state with and without
pre-induced crystals. The dotted line represents the fit to the open
squares using Eq. 2.43. Data points are taken from Ref. [159]. The

error bars of the crystallization events can be found in Ref. [159].

upon heating. At high temperatures, crystallization upon heating is shifted to much
shorter times, requiring higher rates to avoid crystallization upon heating than in
cooling [159, 160]. This is due to the fact that nuclei formed during heating and
cooling are exposed to different growth rates [160]. If a perfectly amorphous sample
(without any crystalline structure) is heated at a constant rate, it passes through the
maximum nucleation rate (Imax) and thereafter through the maximum growth rate
(umax) (see Fig. 2.11). This means that initially a large number of nuclei is formed
which experience high growth rates during further heating. In contrast, upon cool-
ing from the equilibrium liquid, nuclei formed in the temperature range of Imax ex-
perience significantly lower growth rates, as umax is located at higher temperatures
than Imax. This asymmetry might vanish or might be reversed, if Imax and umax coin-
cide or if Imax is found above umax [160]. As Iv(T) strongly depends on γl−x and ∆S f
(see Fig. 2.12 and 2.14) and the influence of ∆S f on u(T) is minor, such a scenario
would be conceivable for liquids possessing very low γl−x and a large ∆S f . Accord-
ing to Eq. 2.45, γl−x and ∆S f are proportional, making the scenario described above
highly improbable.

The discrepancy between critical cooling and critical heating rate is further amplified
if quenched in nuclei are present in the glassy matrix [160]. Some of these clusters
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may have been embryos at high temperatures, however at low temperatures, they
exceed r∗ and will contribute to the crystallization of the liquid. The avoidance of the
crystallization process through bypassing the crystallization nose does not guaran-
tee a glass that is free of supercritical nuclei. Such a glass is prone to crystallization
upon reheating [36]. As shown in Fig. 2.20, the presence of pre-induced crystals in
the glassy matrix shifts the crystallization onset upon heating to even shorter times,
resulting in a significantly higher critical heating rate [159].

2.6 Structure of Metallic Liquids

In 1948, Kauzmann postulated that liquids exhibit a "considerable amount of short-
range quasicrystalline order" far below their boiling point [43]. Frank argued in 1952
that the atoms in a liquid should arrange in icosahedral clusters for energetical rea-
sons [161]. In some liquids, icosahedral order exists and evolves with decreasing
temperature [80, 81]. The local icosahedral symmetry is incompatible with the trans-
lational symmetry of the crystal [44]. The crystallization of a liquid with icosahedral
short-range order (ISRO) requires a break of this local symmetry in order to adapt
the long-range ordered lattice structure of the crystal. Therefore, ISRO is thought to
impede the crystallization of the liquid and ease glass formation [44]. However,
the nucleation of quasicrystals might be facilitated by ISRO as the small interfa-
cial energy lowers the nucleation barrier significantly [162–164]. In metal-metalloid
glasses, Gaskell successfully reproduced the results obtained from neutron scatter-
ing experiments by using a trigonal prismatic atomic geometry, which connect ran-
domly via edge sharing [165].

The observation of ISRO and the success of Gaskell’s model for metal-metalloid
glasses suggest that the local representative structural unit varies in metallic glass-
forming liquids. In the model by Miracle (the efficient cluster packing model, ECP) the
local structural element is represented by efficiently packed solute-centered atomic
clusters [166]. Thereby, the solute-to-solvent radius ratio determines the local cluster
coordination number. Chemical effects are not taken into account and atomic species
with radii within ±2% are assumed to be topologically equivalent [167]. Adjacent
clusters may share solvent atoms and are arranged in a face-centered cubic or hexag-
onal close packed structure to efficiently fill space (Fig. 2.21(a)) [166]. In this way,
MRO describing the spatial relationship of clusters on a length scale of a few cluster
diameters is incorporated into the model [168]. As these clusters are rather irregular
and not spherical, their random orientation on the "lattice sites" does not allow the
formation of a translational symmetry [169]. The spatial arrangement of the cluster
yields interstices (e.g. cluster-octahedral/tetrahedral sites) which may be occupied
by different solvent atoms or remain vacant [167]. In recent years, the model was
further refined in order to match the experimental results in different glass-forming
systems [167, 169, 170].

The results obtained by Sheng et al. suggest that glass-forming liquids contain sev-
eral types of local, solute-centered coordination polyhedra [87]. It is argued that
the different cluster types can be considered as quasi-equivalent as they do not vary
in size or coordination number significantly (Fig. 2.21(b)). The moderate variation
in coordination number results from the distortion of the representative polyhedra
[87, 171, 172]. On the one hand, the formation of quasi-equivalent, solute-centered
clusters is driven by the aim to efficiently fill space (topological SRO) and therefore
depends on the atomic size ratios. On the other hand, it is affected by the chemi-
cal affinities among the elements (chemical SRO) [173] which favors unlike bonds
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FIGURE 2.21: Short- (clusters) and medium-range order (packing of
clusters) in metallic glass-forming liquids. (a) In the efficient cluster
packing model solute centered clusters can be arrange in a fcc struc-
ture. Depicted is the (100) plane. Figure taken from Ref. [166] (b)
Packing of solute-centered, quasi-equivalent clusters in Ni80P20. Fig-

ure taken from Ref. [87].

resulting in an avoidance of solute-solute bonds (solute-solute avoidance [165]).
Moreover, it is derived from simulations that the quasi-equivalent clusters exhibit
an icosahedral-like packing. This icosahedral SRO of clusters represents the atomic
MRO (spatial relationship between solutes in the center of the clusters) and turned
out to be independent of the type of SRO inside the clusters [87]. At a certain so-
lute concentration, solute-solute contacts are inevitable and further types of MRO
evolve. At solute concentrations of 20 to 30%, depending on the atomic size ratio,
the solute atoms arrange in strings, surrounded by solvent atoms. Such "extended
clusters" connect via edge-, vertex- or face sharing, representing a second type of
MRO [87]. If the solute concentration is further increased, the number of solute-
solute connections enlarges and string- or ring-like solute connections are observed
resembling a network which is considered to be the third type of MRO [87]. The for-
mation of string- or ring-like interconnections minimizes the number of like bonds
and is therefore the energetically preferred atomic arrangement [87].

According to Sheng et al. [87], the structural features of metallic glass-forming liq-
uids depend on the atomic size ratio, the chemical affinity of the atoms involved, as
well as on the solute concentration, and can be summarized as follows:

Short-range order:

• Topological SRO (depends on atomic size ratio).

• Chemical SRO (depends on chemical affinity).

Medium range order:

• Low solute concentration: icosahedral arrangement of clusters.

• Intermediate solute concentration: string-like connection of solutes, formation
of interconnected, extended clusters.

• High solute concentration: formation of string- or ring-like solute connections,
network-type arrangement of solutes.
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The existence of SRO in metallic glasses is confirmed by nanobeam electron diffrac-
tion (NBED) experiments [174]. Using NBED Hirata et al. showed that in Zr80Pt20
distorted icosahedra are prevalent [172]. Although these clusters are assumed to be
quasi-equivalent, the existence of distorted polyhedra or geometrically unfavored
motifs (GUMs) are thought to play a pivotal role for the properties of a metallic
glass [171]. GUMs are the less stable local environment and respond more readily
to thermal or mechanical stress [171]. Computer simulations suggest that regions
with a high density of GUMs are "softer" (in terms of the local elastic constant) and
contribute to the formation of shear transformation zones [171, 175]. The amount of
GUMs can be controlled by the cooling rate at which a metallic glass is produced.
Rapidly quenched glasses, which are usually more ductile [176], contain a higher
fraction of GUMs [171].
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Chapter 3

Materials and Methods

3.1 Sample preparation and analysis

Synthesis of Au-based BMGs

The Au-based BMGs were produced in a single step process. The pure elements (pu-
rity > 99.95 wt%) were melted inductively in an Al2O3 crucible. The stacking order of
the elements in the crucible was (from bottom to top): Pd-Ag-Au-Cu-(Ga, Sn, In, Sb)-
Si, which prevents the formation of Pd-Si phases with high melting points. Before
heating the elements, the chamber was evacuated to ∼5× 10−3 mbar and filled with
Ar (purity 99.9999 wt%). The elements were slowly heated to 1473 K and cast into
a water-cooled copper mold. The casting process was conducted in an Indutherm
MC15 tilt-casting device that was modified to accommodate a water-cooled mold.
In order to determine the critical casting thickness of the alloys, samples were cast
as plates with a thickness of 0.25 mm and 1 mm or as rods with diameters ranging
from 2.5 to 5 mm. Examples of the sample geometry are shown in Fig. 3.1.

FIGURE 3.1: Tilt-cast samples of Au49Ag5.5Pd2.3Cu26.9Si16.3 with
varying diameter. The arrows indicate the diameter of the rods and
the thickness of the plates. For the casting of the 0.25 mm thick plates,

a different mold was used. Figure taken from Ref. [177].
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Synthesis of Pt/Pd-P-based BMGs

The alloying process described in the following comprises four steps that guarantee
a reproducible production of the alloys. For cost reasons the process was perfected
on Fe-P- and Ni-P-based alloys [178], however it can be transferred to most of the
P-containing alloys. In contrast to the alloying of S-containing alloys, the process
is more challenging for P-containing compositions as P may evaporate during the
heating process [179]. On the one hand, the evaporation of P changes the overall
composition of the alloy and on the other hand, the evaporating P may condense as
highly toxic and highly inflammable white P in the cooler regions of the fused silica
tube. Therefore, the process is designed to avoid any P losses through evaporation.

In a first step, a pre-alloy is produced from the high purity elements (purity > 99.95
wt%), Pt/Pd, Cu and Ni/Co. The elements are alloyed in an arc-furnace under Ti
gettered high purity Ar atmosphere. The pre-alloy is molten several times to ensure
a homogeneous distribution of the elements. The final shape of the pre-alloy should
be rod-like to fit into a fused silica tube. The second step in the alloying process is
depicted in Fig. 3.2 and is itself separated in four process steps. The pre-alloy is
placed on top of the red P pieces in a fused silica tube of 1 m length, with an inner
diameter of 12 mm and a wall thickness of 1.5 mm (Fig. 3.2(I)). The tube is evacuated

FIGURE 3.2: Alloying procedure of P-containing alloys. (I) The pre-
alloy is positioned on top of the red P. (II) An induction coil is used
to locally heat the pre-alloy. (III) The upper part of the pre-alloy is
molten and seals the fused silica tube before P starts evaporating. (IV)
The position of the coil is changed to guarantee a proper intermixing.

to at least 5× 10−3 mbar and filled with high purity Ar (ambient pressure + 0.1 bar).
An induction coil is used to quickly and locally heat the upper part of the pre-alloy
(Fig. 3.2(II)). The upper part of the pre-alloy melts and thereby seals the fused silica
tube before the thermal conduction in the pre-alloy causes an evaporation of the P
(Fig. 3.2(III)). If the fused silica tube is sealed by the liquid metal, evaporating P is
consumed. During the exothermic reaction caused by the mixing of the melt and P,
the heating power is reduced, and the position of the coil is adjusted as the melt sinks
to the bottom of the glass (Fig. 3.2(IV)). The homogenized alloy can subsequently be
water quenched. The third step is a fluxing process [180]. The alloy is positioned
at the bottom of a 1 m long fused silica tube with an inner diameter of 16 mm and
a wall thickness of 1.5 mm. The sample is covered with dehydrated B2O3. Both are
heated in Ar atmosphere to 1473 K and held at this temperature for at least 6 h. This
process purifies the melt by reducing the amount of heterogeneous nucleation sites
(oxides) [101] and thereby increases the GFA of the alloy [98, 102, 180]. The fourth
step, the casting process, is identical to that used to produce the Au-based BMGs.
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For the calorimetric measurements and the thermomechnical analyses, rods with a
diameter of 5 mm and plates with a dimension of 2/3×13×35 mm3 were cast.

X-ray diffraction analysis

In order to verify the amorphous character of Pt/Pd-P-based samples, X-ray diffrac-
tion (XRD) analysis were conducted. Samples were cut from the region adjacent
to the gate since these samples experienced the slowest cooling rate due to the liq-
uid metal reservoir with increasing diameter at the gate (see Fig. 3.1). If the amor-
phous nature of this sample, which was X-rayed in cross-section, is confirmed by the
XRD measurements, the entire sample is amorphous as the other parts experienced
a higher cooling rate. The XRD analysis were conducted with a PANalytical X’Pert
Pro diffractometer using Cu Kα radiation. In the case of the Au-BMG, the rod shaped
samples were cut from the center of each section and X-rayed in cross-section. The
plate samples were detached from the runner channel, grinded to the center of the
plate and subsequently X-rayed.

Scanning electron microscopy

Scanning electron microscopy (SEM) investigations on the Au-based BMGs were
conducted with a Zeiss NT Ltd. Sigma VP using an acceleration voltage of 20 kV.
The samples were ground and polished until a polish with 1 µm diamond paste.
After the polishing, the samples were stored in a freezer at 255 K, which prevented
them from tarnishing [181], guaranteeing that the subsequent SEM investigations
are performed on as-prepared samples.

Sample preparation using a focused ion beam

Focused ion beam (FIB) cuts and subsequent SEM investigations of the corroded sur-
faces of the Au-based BMGs were performed with a Zeiss Auriga 60. The Ga-ion FIB
cuts were prepared at an acceleration voltage of 30 kV and the milling current was
gradually reduced from 21 nA to 1 nA and in one case to 240 pA. The low milling cur-
rents at the end of the preparation sequence were used to achieve a smooth cutting.
Hence for the thinnest corrosion layer, the smaller milling current of 240 pA was
applied for the best milling quality. Subsequently, the FIB cuts were investigated by
SEM in order to document the corrosion attack on the surface. Backscattered elec-
tron images were taken at an acceleration voltage of 2 kV. It should be noted that
the ion beam milling may induce crystallization in the amorphous samples [182,
183], however this effect does not hamper the image acquisition for corrosion attack
evaluation.

3.2 Corrosion tests and color measurements

Tests in artificial saliva were carried out according to DIN EN ISO 10271. The sam-
ples were immersed periodically into the testing solution of a 1 molar sodium sul-
phide aqueous solution. Details of the experimental setup can be found in Ref. [184].
The element release into the test solution was analyzed after seven days at 310 K us-
ing Inductively Coupled Plasma Optical Emission Spectroscopy (ICO-OES).

Color measurements were performed with a Konika Minolta CM5 spectrophotome-
ter according to DIN5033. The Yellowness Index (YI) is calculated from the standard
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color values X, Y, Z according to

YI = 100
1.28X− 1.06Z

Y
, (3.1)

and describes the deviation from a perfect white color to a yellowish brown. It is
used to evaluate the color of gold alloys and divides them into four groups, premium
white (<19), standard white (19-24.5), off-white (24.5-32) and non-white (>32) [185].

3.3 Measurements of the thermophysical properties

3.3.1 Calorimetric measurements

In calorimetric measurements, the heat transfer resulting from chemical reaction or
physical changes is determined. Changes in heat, ∆Q, occur due to changes in tem-
perature, ∆T, caused by the chemical or physical phenomena. The connection be-
tween ∆Q and ∆T is given by

∆Q = mc∆T, (3.2)

where m is the mass of the sample and c is the specific heat capacity in J kg−1 K−1. In
the differential thermal analysis (DTA), the sample and a reference (usually an empty
crucibles) are place in a furnace and are subject to the same temperature protocol.
The measurement signal, the temperature differences between the sample and the
reference ∆TSR(= TS − TR), is recorded by thermocouples beneath each crucible.

The calorimetric measurements were performed with a power-compensated Perkin
Elmer DSC8500 (DSC = differential scanning calorimeter). In contrast to the classi-
cal DTA, the device consists of two identical micro furnaces made of a Pt-Ir alloy
[186]. Each furnace possesses its own temperature sensor and heating resistor. One
furnace serves as reference containing an empty pan and the other hosts the sam-
ple. Both furnaces are subject to an identical temperature protocol. In the case of
exothermic or endothermic reactions, occurring in the sample, the device regulates
the heating power in order to maintain the desired heating rate, which is equatable
to a vanishing temperature difference between the reference and the sample furnace
(∆TSR = 0). The heating power difference ∆P between the sample and reference
furnace is proportional to the amount of heat released or consumed by the sample.

The difference in the measurement principles of DTA and DSC can be summarized
as

∆P ∼ ∆︸ ︷︷ ︸
DSC

Q ∼ ∆T︸ ︷︷ ︸
DTA

. (3.3)

As the experiments are conducted at a constant pressure p, the change in enthalpy
can be written as

∆H = ∆U + p∆V, (3.4)

where ∆U and ∆V are the changes in internal energy and volume, respectively. Us-
ing the first law of thermodynamics

∆U = ∆Q− p∆V, (3.5)

Eq. 3.4 yields
∆H = ∆Q. (3.6)
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As the measurement signal in the DSC is the heat flow Q̇ = dQ
dt , the enthalpy change

of a reaction between the temperatures T1 and T2 can be determined by

∆H = K
∫ T2

T1

Q̇
qH

dT, (3.7)

where qH is the heating rate and K is a calibration constant. The DSC was calibrated
for each heating rate and crucible material using the melting transition of In, Zn and
Al (for C crucibles). All measurements were conducted under a constant flow of
high purity Ar-gas (99.9999 wt%) at 20 ml min−1.

Detection of the crystallization enthalpy

The crystallization enthalpy ∆Hx is determined from the integration of the exother-
mic crystallization peak. To detect the crystallization event, amorphous samples
were heated at a constant rate to the solidus temperature. A subsequent scan of the
fully crystalline sample serves as baseline for the integration process. As shown in
Fig. 3.3 for a DSC and a DTA measurement, the heat flow curves of the first and
second heating coincide at low temperatures due to the similar Cp of the glass and
the crystal. The curves meet at high temperature as soon as the same structural state
is reached. ∆Hx increases with increasing heating rate since crystallization occurs at
a higher enthalpic state of the liquid.

Specific heat capacity

The specific heat capacity of the glassy, crystalline, supercooled liquid and equilib-
rium liquid state was determined using a stepwise heating protocol. In the case of
an empty reference pan, the heat flow of a sample in a DSC measurement is given
by the differential form of Eq. 3.2,

dQ
dt sample

= msamplecsample
dT
dt

. (3.8)

In order to obtain accurate Cp values, the additional heat flow Q̇0, resulting from the
two crucibles, needs to be taken into account. Q̇0 is subtracted from the measured
heat flow yielding

Q̇sample − Q̇0 = msamplecsampleṪ. (3.9)

The heating rate dependence of the heat flow signal is eliminated through the mea-
surement of a standard material. As standard material, a sapphire disk with a diam-
eter of 5 mm is used. The heat flow of the standard material is given by

Q̇sapphire − Q̇0 = msapphirecsapphireṪ. (3.10)

By combining Eq. 3.9 and 3.10 the following expression is obtained:

Q̇sample − Q̇0

Q̇sapphire − Q̇0
=

msamplecsample

msapphirecsapphire
. (3.11)

This equation can be solved for the heat capacity of the sample

csample =
(Q̇sample − Q̇0)msapphirecsapphire

(Q̇sapphire − Q̇0)msample
. (3.12)
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FIGURE 3.3: Determination of the crystallization enthalpy from a
thermogram. The amorphous and crystalline sample is heated to the
solidus temperature. The curve of the crystalline sample is used as a
baseline for the integration process. (a) DSC curves of Pt42.5Cu27Ni9.5-
P21. (b) DTA curves of Ni69Cr8.5Nb3P16.5B3. The red area corresponds

to the crystallization enthalpy ∆Hx.

Equation 3.12 is rewritten to obtain the molar isobaric heat capacity [65]

Cp,sample(T) =
(Q̇sample − Q̇0)msapphireCp,sapphire(T)µsample

(Q̇sapphire − Q̇0)msampleµsapphire
. (3.13)

In the stepwise heating protocol, the samples were heated in 10 K steps, followed by
an isothermal holding of 120 s in order to equilibrate the signal. The heat flow of a
single temperature step is

Q̇ = Q̇Ṫ 6=0 − Q̇Ṫ=0, (3.14)

where Q̇Ṫ 6=0 corresponds to the power necessary to heat the sample with a constant
rate and Q̇Ṫ=0 is the power needed to maintain a constant temperature [65]. The
same temperature protocol was applied to empty crucibles, the sapphire standard
and the sample.
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Tg-shift measurements

The glass transition temperature measured upon heating an amorphous sample de-
pends on the cooling rate during casting, qc, and on the used heating rate qh. The de-
pendence of Tg on the thermal history results from its connection to the temperature
dependent intrinsic relaxation time τα of the liquid. The temperature dependence of
τα, represented by the kinetic fragility of the liquid, can be determined from the time
needed to pass through the glass transition region, the transition time τtrans, given
by

τtrans = ∆T/qh =
Tend

g − Tonset
g

qh
, (3.15)

where Tonset
g and Tend

g are the onset and end of the glass transition. τtrans is equal to
the total relaxation time obtained in isothermal viscosity measurements [127]. Each
τtrans is attributed to a single fictive temperature Tf ictive, that coincides with Tonset

g if
the heating rate of the sample is identical to the rate at which it was vitrified (qh = qc)
[187]. In order to fulfill the condition qh = qc, the as-cast samples are subject to a
pre-treatment as depicted in Fig. 3.4. The sample is heated at a certain rate to the

FIGURE 3.4: DSC heat flow curves of a Tg-shift measurement. (a)
The sample is heated to the supercooled liquid region and cooled at
a defined cooling rate qc below the glass transition (b). In the sub-
sequent heating protocol (c), the same rate as used during cooling is
applied (qh = qc) and the sample is heated past the crystallization
temperature Tx. The crystalline sample is heated with qc again in or-
der to obtain the baseline (d). After subtraction of the baseline, Tonset

g

and Tend
g are determined on the run-line scan. Tonset

g coincides with
Tf ictive, which is located at the inflection point of the glass transition

upon cooling [187]. Figure in the style of Ref. [188].

supercooled liquid region and cooled at the same rate as used in the subsequent
heating protocol. In this way, Tonset

g coincides with Tf ictive, which is located at the
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inflection point of the glass transition upon cooling [187]. Evenson et al. showed
that a correct description of the kinetic fragility is obtained, if the condition qh = qc
is kept for each rate [188].

Crystallization experiments

The crystallization experiments were conducted in a power-compensated Perkin
Elmer DSC8500 equipped with an intracooler system that guarantees high cooling
rates. The measurement procedure for the determination of the isothermal TTT di-
agram and the continuous heating/cooling transformation (CHT/CCT) diagram is
schematically shown in Fig. 3.5. The lower portion of the isothermal and the contin-
uous transformation diagram was measured in Al pans. In the case of the isothermal
experiments, as-cast samples were heated at 2 K s−1 to the desired temperature and
held isothermally. As the crystallization enthalpy decreases with decreasing anneal-
ing temperature and is released over a longer period of time, the sample mass is
increased with decreasing annealing temperatures in order to improve the signal
to noise ratio. At the lowest temperature, a sample mass of 260 mg and 410 mg for
the Pt42.5Cu27Ni9.5P21 and Pt60Cu16Co2P22 alloy compositions was used. The crystal-
lization onsets upon heating glassy samples at various rates were obtained from the
Tg-shift measurements (see. Tx in Fig. 3.4 curve (c)). In the case of the high temper-
ature crystallization experiments, the measurements were conducted in C crucibles.
The samples with a mass of 31 mg for Pt42.5Cu27Ni9.5P21 and 56 mg for Pt60Cu16Co2-
P22 were covered with dehydrated B2O3 and heated to 973 K. After a holding time
of 120 s, the samples were cooled to the isothermal holding temperature or cooled
past the crystallization event (Fig. 3.5, blue curves). The obtained heat flow curves
are shown in Chapter 5.

3.3.2 Viscosity measurements

The equilibrium viscosities in vicinity of the glass transition were determined in
three-point beam bending (3PBB) experiments using a NETZSCH TMA 402 ther-
momechanical analyzer. Samples with rectangular cross-sections between 0.6 and
3 mm2 and a length of 13 mm were cut from tilt-cast plates. The specimens were
heated at a rate of 0.333 K s−1 to the desired temperature close to the glass transition
and held isothermally. The viscosity of the deflecting beams was determined as

η = − gL3

144Icsυ

(
M +

ρAL
1.6

)
(3.16)

where g is the gravitational constant, Ics is the cross-section moment of inertia, υ is
the mid-point deflection rate, M is the applied load, ρ is the density of the glass and
A is the cross-sectional area and L is the length of the support span [189]. The cross-
section moment of inertia with respect to the neutral fiber is Ics = bh3/12, where b
is the width and h is the thickness of the beam. In addition to isothermal annealing,
viscosity was measured with a constant heating rate until the deflection limit was
reached.



3.3. Measurements of the thermophysical properties 51

FIGURE 3.5: Measurement of (a) continuous-cooling/heating-trans-
formation (CCT/CHT) and (b) time-temperature-transformation

(TTT) diagrams.
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3.4 In-situ synchrotron X-ray scattering measurements

This section is based on the book "Underneath the Bragg Peaks" by T. Egami and S. J.
L. Billinge (Ref. [190]), containing the theoretical background of the total scattering
method as well as practical instructions on the data analysis and correction.

Theoretical background of total X-ray scattering experiments

The total intensity of the scattered X-rays, IT, contains different contributions:

IT = IC + IIC + IMC + IBG, (3.17)

where IC is the coherent scattering intensity, IIC the incoherent scattering intensity,
IMC the multiple-scattering intensity, and IBG the background intensity. IC comprises
the elastic Bragg scattering (the global structure), the elastic diffuse scattering (the
static local structure) and the inelastic thermal diffuse scattering, resulting from the
thermal vibration of the atoms. Thereby the term elastic refers to a scattering process
during which no energy between the scattered wave and the system is exchanged,
whereas in the case of an inelastic scattering event, energy is transferred. As the
coherently scattered waves possess a definite phase relationship, they interfere con-
structively and destructively and therefore contain the information on the structure
and the lattice dynamics. The experimentally measured IC is related to the scatter-
ing cross-section, dσC/dΩ, describing the probability that a photon is scattered by a
given volume element in a given direction, if corrected by an absorption (A), polar-
ization (P) and normalization factor (C):

IC = APC
dσC

dΩ
. (3.18)

The corrected, coherently scattered intensity is connected to the square of the ab-
solute value of the wave amplitude (the sample scattering amplitude Ψ(Q)) and is
expressed as

IC(Q) =
dσC(Q)

dΩ
=
〈 f (Q)〉2

N
|Ψ(Q)|2, (3.19)

where Q is the diffraction vector, and 〈 f (Q)〉 is the atomic form factor averaged over
all the atoms N in the sample. Q is defined as

Q = kinit − k f inal , (3.20)

where kinit (|kinit| = 2π/λinit) is the wavevector of the incoming, and k f inal (|k f inal | =
2π/λ f inal) that of the scattered beam. In the case of elastic scattering, the wavelength
of the incoming and scatted beam are equal and the magnitude of Q can be expressed
as

|Q| = 4πsin(2θ/2)
λ

. (3.21)

Ψ(Q) is the Fourier transform of the atomic position Rv and is given by

Ψ(Q) =
1

〈 f (Q)〉∑
v

fv(Q)exp(iQRv), (3.22)
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where fv(Q) is the atomic form factor of the v-th atom. From the corrected, co-
herently scattered intensity IC(Q), containing Bragg and diffuse intensity, the total-
scattering structure function is obtained:

S(Q) = 1 +
IC(Q)− 〈 f (Q)2〉
〈 f (Q)〉2 . (3.23)

S(Q) converges to unity at large Q and for an isotropic scattering, as in liquids and
glasses, it solely depends on the magnitude of Q. S(Q) contains all the structural
information and in the case of multicomponent alloy compositions, it is composed
of n(n + 1)/2 partial scattering structure functions [191],

S(Q) = ∑
i≤j

wijSij(Q), (3.24)

where wij is the weighting factor expressed as

wij =
cicj fi(Q) f j(Q)

〈 f (Q)〉2 . (3.25)

ci,j are given by Ni,j/N, where Ni,j is the number of i- and j-atoms respectively. The
Faber-Ziman partial structure functions are the structure functions that would be
measured if the entire sample was made up only of that partial. For the Au, Pt, Pd-
based liquids, the large f (Q) of the noble metals and their high atomic concentration
lead to the fact that the total-scattering structure function is mainly dominated by the
noble metal partial structure functions. Figure 3.6(a) shows the atomic form factor1

of the common constituents of noble metal based BMGs. The weighting factors (Eq.
3.25) for the dominant Pt partial structure functions of the Pt42.5Cu27Ni9.5P21 alloy
composition is depicted in Fig. 3.6(b).

The Fourier transform of the total-scattering structure function yields the reduced
pair distribution function (PDF),

G(r) =4πr[ρ(r)− ρ0]

= 4πrρ0[g(r)− 1]

=
2
π

∫ ∞

0
Q[S(Q)− 1]sin(Qr)dQ,

(3.26)

where ρ0 is the average atomic number density, ρ(r) the atom-pair density func-
tion, g(r) the atomic pair distribution function and r is the distance to the reference
atom. As can be seen from Eq. 3.26, ρ(r), g(r) and G(r) are related functions and
contain the same structural information. The PDF exhibits peaks at certain r-values,
giving the probability of finding another atom in the distance r from the reference
atom averaged over all pairs of atoms in the sample. In other words, the functions
describe the deviation from the average density and yield a histogram of all atom-
atom distances in the solid. The usage of G(r) instead of ρ(r) or g(r) results in two
advantage. On the one hand, G(r) is directly obtained from the Fourier transform of
S(Q) and does not require the assumption of a value for ρ0. On the other hand, the
uncertainties on G(r) are constant with r, whereas those on ρ(r) or g(r) fall off with
1/r.

1The atomic form factor of the different elements are calculated as f (Q) = ∑4
i=1 aiexp(−bi(

q
4π )2) +

c. Values for ai, bi and c are taken from Ref. [192].
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FIGURE 3.6: (a) Atomic form factor of elements that are found in no-
ble metal based BMGs. (b) Weighting factor for the Pt partial struc-
ture function of the Pt42.5Cu27Ni9.5P21 alloy composition. Values for

calculating f (Q) and wij(Q) are taken from Ref. [192].

Experimental setup and data analysis

The in-situ X-ray scattering experiments were carried out at the high resolution
beamline P02.1 at PETRA III at the Deutsche Elektronen Synchrotron (DESY) in
Hamburg [193]. A wavelength of 0.207 Å (60 keV) and a beam size of 0.8×0.8 mm2

was used. The samples were heated and cooled at 0.333 K s−1 in a Linkam THMS 600
furnace and in a custom build ceramic heater. In the Linkam furnace, plate shaped
samples (0.2×3×13 mm3), cut from tilt-cast plates (3×3×35 mm3), were used. The
samples used in the ceramic heater were rods with a diameter of approximately
1.1 mm, cast into a water-cooled copper mold in a suction casting device as de-
scribed in Ref. [194]. In order to fit into the SiO2 capillaries with an inner diameter
of 1 mm and a wall thickness of 0.1 mm, the diameter of the cast rods was reduced
by grinding and they were cut to a length of ∼3 mm. In both cases, the samples
were subject to a constant flow of high-purity Ar during the heating and cooling
protocol. The measurements were carried out in transmission mode using a Perkin
Elmer XRD1621 CsI bonded amorphous silicon detector (2048 pixels×2048 pixels).
The dark-subtracted, two-dimensional X-ray diffraction pattern were integrated us-
ing the Fit2D data analysis software [195]. The data was further processed using
the PDFgetX2 software [196]. The background2 was measured at room tempera-
ture, assumed to be constant upon heating and cooling and subtracted from the in-
tegrated intensity data. The data was corrected for sample absorption, polarization
and multiple scattering. The total-scattering structure function S(Q) was calculated
according to Eq. 3.23. G(r) was obtained from Fourier transforming S(Q), using
a Qmax of ∼10.5 Å

−1
(Linkam furnace) and ∼14.5 Å

−1
(ceramic furnace). S(Q) was

corrected by determining the parameters for fluorescence and Compton scattering
using an algorithm in PDFgetX2 that optimizes G(r) in the low-r range. According
to Eq. 3.26, G(r) should behave like−4πρ0r as the probability to find an atom below
the nearest-neighbor peak is 0 (g(r) → 0). This optimization process allows S(Q) to

2Linkam furnace: empty furnace, ceramic heater: furnace with empty capillary.
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oscillate around one, as it should approach 1 for Q → ∞. The results by Peterson
et al. show, that the low G(r) optimization is a robust method, yielding the best
possible PDF from a given data set [197]. The peak position of S(Q) and G(r) were
determined from a cubic spline interpolation of the measured data points [85] using
OriginPro9.1 and OriginPro2016. The uncertainty in determining the peak position
using the cubic spline interpolation was estimated by Wei et al. to be 0.5% [198].
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Chapter 4

Development of a gold based bulk
metallic glass with improved
tarnishing resistance

In 2005, Schroers et al. developed the Au-based bulk glass-forming alloy Au49Ag5.5-
Pd2.3Cu26.9Si16.3 (termed in the following "mother alloy"), containing 75% weight
percentage of Au (18-karat) [199]. This alloy is based on the ternary Au-Cu-Si sys-
tem, possesses a dc of 5 mm and a hardness of 350-360 HV [199, 200] exceeding that
of conventional, crystalline 18-karat Au alloys significantly [34, 201]. In combina-
tion with the premium white color in the as-cast state [184], the high hardness is
highly desirable for jewelry items. However, the premium white color is not sta-
ble and turns with time into an unattractive yellowish brown [181, 184]. The color
change is abnormally fast, even at room temperature. The surface tarnishing fur-
ther accelerates in contact with saliva or sweat [34, 181, 184, 200, 202] which makes
the alloy inappropriate for jewelry or dentistry applications. The color change of an
amorphous ring when worn for 52 days is shown in Fig. 4.1. The fast color change

FIGURE 4.1: Color change of an amorphous ring with the composi-
tion Au49Ag5.5Pd2.3Cu26.9Si16.3 when worn for 52 days. Figure taken

from Ref. [203].

can be traced back to the partitioning of Au and Cu and the formation of CuO2 or
CuS2 products on the surface [184]. In a standardized corrosion test, the corrosion
products dissolve into the test solution which can subsequently be analyzed. The
amount of Cu-ions in the solution is used as a measure of the corrosion attack. Un-
derneath the sample surface, the growth of amorphous SiO2 in a dense branching
morphology, resulting from the internal oxidation of the amorphous metallic ma-
trix, is detected [184]. The processes occurring at and beneath the metal surface are
schematically shown in Fig. 4.2. Eisenbart et al. observed that, if the Cu content
is reduced, the tarnishing rate of Au49Ag5.5Pd2.3Cu26.9Si16.3 changes from paralinear
to a pure logarithmic which is characteristic for passivating oxidation [184]. This
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FIGURE 4.2: Tarnishing mechanism at the surface of the Au49Ag5.5-
Pd2.3Cu26.9Si16.3 bulk metallic glass. (a) If the sample is vitrified in an
oxygen containing atmosphere, the samples exhibits a thin and dense
SiO2 layer acting as diffusion barrier which minimizes the tarnishing
process. After polishing, the native SiO2 is removed (b) and the par-
titioning of elemental Cu triggers the formation of a new SiO2 layer
(c). (d) Cu diffuses through the SiO2 to the surface and forms CuO2.
(e) The CuO2 is partially reduced by Si leading to the inwards growth
of amorphous SiO2 in a dense branching morphology. (f) STEM im-
age of a cross section of tarnished Au49Ag5.5Pd2.3Cu26.9Si16.3. Figure

taken from Ref. [34].

indicates that a significant change of the Au/Si or the Cu/Si ratio might reduce the
tarnishing rate to an acceptable value [184].

In general, the corrosion or oxidation resistance and the GFA of a glass-forming
alloy are independent material properties. The addition of elements that improve
the resistance of an alloy against external agents [34, 204–206] do not necessarily
have a positive effect on the GFA [34, 204]. In the case of a jewelry alloy, constituents
like Cr, Co or Ni are undesired as they are known to cause skin irritations and allergic
responses [207].

The glass-forming region (GFR) in the ternary Au-Cu-Si system is located at an al-
most constant Si content along the eutectic trough [14, 208]. The GFR is schematically
depicted in Fig. 4.3 and is characterized by low nucleation temperatures for crystal-
lization upon solidification [209]. The maximum achievable undercooling at a fixed
cooling rate depends, as discussed in Chapter 2.4, on the driving force, the atomic
mobility and the interfacial energy. In continuous cooling experiments performed
by Ding et al., the lowest nucleation temperatures are found at the transition point
from the diamond cubic primary Si-phase to the fcc primary Au-phase [209]. It is
observed that the tarnishing rate of the alloys in the GFR decrease with increasing
Au content [184]. However, this simultaneously decreases Tg to temperatures far
below 373 K [208], limiting their potential for commercialization.

The aim of the alloy development is the modification of the mother alloy in order to
improve its tarnishing resistance and simultaneously maintain its ability to form a
BMG.
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FIGURE 4.3: Liquidus projection of the Au-Cu-Si phase diagram. The
glass-forming region (GFR) is located along the Au-Cu axis at an al-
most constant Si content. The solid, red line represents the 18-karat
border, below which the alloys possess a Au content of at least 75
wt%. Figure taken from Ref. [210]. The unmodified phase diagram

can be found in Ref. [211].

4.1 Alloy development

In order to improve the tarnishing resistance, the content of disadvantageous ele-
ments needs to be reduced. Earlier corrosion studies identified Cu and Si as the
elements primary involved in the tarnishing process [184]. At the same time the Au
content should not fall below 75 wt% for commercialization. The elements that are
assumed to be topological equivalent to Cu (Fe, Co, Ni) according to the ECP model
are inappropriate due to a significant reduction of the GFA or the risk of allergic
responses [34].

In a first step Ga (rGa=134 pm [170]), which is not topologically equivalent to Cu
(rCu=126 pm [170]), is chosen as potential substitute. In order to evaluate the effect
on the GFA, 1/8 and 1/4 of the Cu in the mother alloy is substituted by Ga. This
can be expressed as Au49Ag5.5Pd2.3Cu26.9-xMxSi16.3, where M represents the element
substituting Cu and x its amount in atomic percent. Figure 4.4(a) and (b) show the
XRD measurements of samples containing x=3.4 and x=6.7 at%. The samples with
x=3.4 at% feature amorphous XRD patterns whereas the pattern of the 1 mm and
3 mm sample with x=6.7 at% suggest the presence of a small portion of crystals. The
XRD measurements indicate that the increasing substitution of Cu by Ga reduces the
GFA. The backscattered electron (BSE) images of the 1 mm and 3 mm of Au49Ag5.5-
Pd2.3Cu20.2Ga6.7Si16.3, depicted in Fig. 4.4(c) and (d), reveal the presence of a crys-
talline phase. This phase appears black in the BSE images indicating a much lower
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FIGURE 4.4: XRD diffraction measurements of samples with vary-
ing sample diameter a) Au49Ag5.5Pd2.3Cu23.5Ga3.4Si16.3 b) Au49Ag5.5-
Pd2.3Cu20.2Ga6.7Si16.3. (c) and (d) are backscattered electron images
showing the Si primary phase (black) in Au49Ag5.5Pd2.3Cu20.2Ga6.7-
Si16.3. (c) shows a sample with 1 mm (d) a sample with 3 mm diam-
eter. Larger crystals are formed during slower cooling. Figure taken

from Ref. [210].

average atomic number than that of the adjacent amorphous matrix. Upon increas-
ing the sample thickness from 1 mm to 3 mm, which corresponds to a reduction of
the cooling rate, the crystals grow from approximately 1-5 µm to 5-10 µm. Although
a crystalline fraction is formed, the remaining liquid vitrifies. The EDX analysis on
the largest crystals reveal a very high concentration of Si and a small amount of the
other constituents which can probably be attributed to an interaction of the electron
beam with the surrounding material. Based on the neglectable solubility of the other
alloying elements in Si, it can be concluded that (almost) pure Si is the primary pre-
cipitating phase. Moreover, it is observed that the substitution of Cu by Ga changes
the appearance of the melting peak from (near-)eutectic to off-eutectic. This is de-
rived from the melting curves shown in Fig. 4.5. The modification of the mother
alloy shifts Tl from 661 K for x=0 at% to 861 K for x=6.7 at% due to the formation of a
broad, endothermic melting shoulder. In combination with the observed nucleation
of the Si primary crystals, the melting curves suggest that the substitution of Cu
by Ga facilitates the formation of Si crystals as the alloy needs to pass a broad two
phase region (Si+liquid) upon quenching. Reducing the Si content to 13.3 at%1 for
x=6.7 at% lowers Tl to 679 K. Additionally, the GFA is improved again as can be seen
from the XRD measurements shown in Fig. 4.6(a). Specimens with a diameter of up
to 3 mm are fully amorphous for the Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3 alloy compo-
sition. Beyond a casting thickness of 3 mm, the amorphous halo in the diffraction
experiments begins to sharpen which indicates the formation of the primary crystal

1As the Si content is reduced, the content of noble metals is increased such that the ratio between
Au, Ag and Pd stays constant.
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FIGURE 4.5: Variation of the liquidus temperature as a function of
the Si and Ga content (Au49Ag5.5Pd2.3Cu26.9-xMxSi16.3-y, M=Ga, x=3.4
and 6.7 at%, y = 0 and 3 at%). The content of noble metals is in-
creased by y such that the ratio between Au, Ag and Pd remains con-
stant. Shown are the melting curves of samples that were cooled at

0.333 K/s from the equilibrium melt. Figure taken from Ref. [210].

upon quenching. Figure 4.6(b) shows the thermogram of a fully amorphous sample
of Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3 at a heating rate of 0.333 K/s. The alloy exhibits
a Tg of 376 K and a Tx of 428 K. The extent of the supercooled liquid region (Tx -
Tg) is 52 K, which is 6 K less than for the mother alloy [199]. This still pronounced
supercooled liquid region makes the alloy suitable for thermoplastic forming.

As alternative for substitution of Cu, the elements Sn, In and Sb are taken into ac-
count. Primarily, the effect of a simple substitution without any adjustment of the
other alloying elements is investigated. Figure 4.7 shows the XRD measurements of
the Sn-, In-, Sb-containing compositions. An addition of x=3.4 at% of In or Sn yields
fully amorphous samples up to a casting diameter of at least 3 mm (Fig. 4.7(a), (b)).
In the case of the Sb-containing alloys, Bragg reflections can already be observed in
the 1 mm sample for x=3.4 at% and get more pronounced for x=6.7 at%. An increase
of the Sn and In content to x=6.7 at% reduces the GFA, which was similarly observed
for the Ga additions. The XRD measurements of all samples with x=6.7 at% show
evidence for the presence of a crystalline phase. However, the Sn-containing alloy
only displays a sharpening of the amorphous halo, resembling that observed for the
Ga-containing alloys. In contrast, the XRD pattern of the In- and Sb-containing al-
loy compositions exhibit distinct reflection of (Au,Ag)3In and AuSb2, respectively.
Consequently, the addition of In and Sb promote the formation of a new competing
phase and an adjustment of the Si content is unlikely to improve the GFA. In the case
of the Sn-containing alloy, the competing phases remain unchanged and Tl decreases
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FIGURE 4.6: XRD measurements of Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3
ranging from a sample diameter of 2.5 mm to 4.5 mm. (b) DSC scan
of an amorphous sample with a heating rate of 0.333 K/s. The glass
transition temperature is located at 376 K and the onset of crystalliza-

tion at 428 K. Figure taken from Ref. [210].

upon adjusting the Si content (Fig. 4.8)(a)) and the GFA is restored (Fig. 4.8(b)).

4.2 Corrosion in artificial saliva

The mother alloy, the Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3 and the Au51.6Ag5.8Pd2.4-
Cu20.2Sn6.7Si13.3 alloy composition are exposed to artificial saliva in an immersion
test for seven days at 310 K and the testing solution is subsequently analyzed. The
element release per cm2 sample surface is shown in Fig. 4.9(a). Cu is the main
element found in the test solution for all three alloy compositions. However, a sig-
nificant reduction of the Cu release is observed for the Sn- and Ga-containing alloys.
As the overall Cu content is lower in the modified alloys, the element release is nor-
malized to the atomic concentration of the elements in the alloy and the Cu release
of the mother alloy is set to one (Fig. 4.9(b)). The normalization does not change
the general trend and the Cu release is still distinctly lower. For the Ga-containing
alloy, the Cu emission into the artificial saliva solution is reduced by a factor of 2.5
and for the Sn-bearing alloy by a factor of 5.8. Moreover, the SEM micrographs of
focused ion beam cuts into the tarnished surface shown in Fig 4.10 reveal a less dis-
tinct corrosion attack in the surface region for the modified alloys. The penetration
depth of the SiO2 (dark particles below the Pt-cover), growing in a dense branch-
ing morphology from the surface into the bulk material, is reduced considerably for
Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3 and Au51.6Ag5.8Pd2.4Cu20.2Sn6.7Si13.3. In agreement
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FIGURE 4.7: XRD measurement of 3 mm rods of (a) Sn- (b) In- and (c)
Sb-containing compositions (Au49Ag5.5Pd2.3Cu26.9-xMxSi16.3, M=Sn,
In, Sb, x=3.4 and 6.7 at%). The filled squares in (b) and filled circles
in (c) mark the Bragg-peaks of the (Au,Ag)3In and AuSb2 phase, re-

spectively. Figure taken from Ref. [210].

with the element release test, it is observed that the corrosion attack is even less
pronounced for the Sn-containing alloy.

In order to evaluate the effect of the alloying element Ga2 under real conditions, plate
shaped samples (1×7×24 mm3) of the mother alloy and Au51.6Ag5.8Pd2.4Cu20.2Ga6.7-
Si13.3 were cast and worn as a necklace using a plastic lace for 417.6 h (17.4 days). At
the beginning of the test, the samples were polished to a mirror finish on both sides.
The YI, which is calculated from the standard color values according to Eq. 3.1,
is measured at regular intervals. Figure 4.11 shows the evolution of the YI during
the wearing tests. The change in color is much slower for the Ga-containing alloy
which is in agreement with the element release test. During the wearing test, the YI
for Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3 increases from 16.5 (premium white) to 42 (off-
white) whereas the YI of the mother alloy evolves from 18.5 to 74. This difference
is confirmed by the optical micrographs (inset Fig. 4.11) showing the samples at the
end of the test.

4.3 Discussion

The simple substitution of Cu by Ga or Sn in the mother alloy destabilizes the liquid
phase, which is reflected by a distinct increase in Tl and by a reduction of the GFA
in terms of the critical casting thickness. As mentioned in Chapter 1, Trg is usually
a good indicator for the GFA of an alloy composition. Trg is 0.60 for the mother
alloy, which is in good agreement with the values obtained in Refs. [199, 212]. By
substituting Cu by Ga, Tg decreases and Tl increases significantly resulting in a much
lower Trg of 0.436 for M=Ga and x=6.7 at%. Ga- and Sn-containing compositions

2The selection of the Ga-containing alloys for the wearing test is based on the history of the alloy
development within the project of limited duration.



64
Chapter 4. Development of a gold based bulk metallic glass with improved

tarnishing resistance

FIGURE 4.8: (a) Effect of an increasing Sn and decreasing Si con-
tent on Tl . Shown are the melting curves of samples that were
cooled with 0.333 K/s from the equilibrium melt. The inset in (a)
shows a backscattered electron image in cross-section of a 3 mm rod
of Au49Ag5.5Pd2.3Cu20.2Sn6.7Si16.3. Au-rich dendrites grow heteroge-
neously from the primary precipitating Si crystal. The scale in the
inset is 2 µm. (b) XRD measurements of Au51.6Ag5.8Pd2.4Cu20.2Sn6.7-
Si13.3 ranging from a sample diameter of 3 - 5 mm. The critical casting
thickness of this alloy composition is 4 ≤ dc < 5. Figure taken from

Ref. [210].

without adjusted Si content are off-eutectic as shown in the thermograms in Fig.
4.5 and 4.8(a). Upon quenching, these alloys need to pass through a broad two-
phase region (liquid + Si) which increases the probability of the formation of the
primary phase. The reduction of the Si content increases Trg to 0.554 and restores
the GFA to at least 3 mm. It is interesting to note, that the alloys without adjusted Si
content do not readily crystallize although the primary phase is present. This might
be traced back to two different facts. On the one hand, the formation of the primary
Si crystals leaves a Si-depleted melt. As the reduction of the Si content in the Ga-
or Sn-containing compositions is found to improve the GFA, the formation of the Si
crystals leads to a self-stabilization of the residual liquid phase. On the other hand,
the diamond structure of the Si crystals might be rather ineffective as heterogeneous
nucleation sites for the fcc Au solid solution. However, the inset in Fig. 4.8 shows
that Au dendrites can grow from the Si precipitations.

As discussed in Chapter 2, the GFA of an alloy is determined by thermodynamic
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FIGURE 4.9: Release of Cu, Si, Ga and Sn into artificial saliva after a
seven days immersion test at 310 K (37 ◦C) according to ISO 10271.
(a) absolute release of the alloying elements in mol/cm2 (b) release
of each element normalized to the atom concentration in the sample.
The Cu release of the mother alloy is set to one. Figure taken from

Ref. [210].

FIGURE 4.10: FIB cuts into the surface of (a) Au49Ag5.5Pd2.3-
Cu26.9Si16.3, (b) Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3, (c) Au51.6Ag5.8-
Pd2.4Cu20.2Sn6.7Si13.3 after seven days immersion in artificial saliva at
310 K; SiO2 grows in a dense branching morphology from the surface
into the bulk material, the penetration depth decreases significantly
with decreasing Cu and Si content; for Au51.6Ag5.8Pd2.4Cu20.2Sn6.7-
Si13.3, the oxide thickness is even less pronounced in comparison to

Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3. Figure taken from Ref. [210].
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FIGURE 4.11: Necklace wearing test: plate shaped samples
(7×24×1 mm3) of Au49Ag5.5Pd2.3Cu26.9Si16.3 and Au51.6Ag5.8Pd2.4-
Cu20.2Ga6.7Si13.3 worn on a plastic lace around the neck for a total
of 417.6 h (17.4 days). The YI was determined on both sides of the
samples, the scatter between both sample sides is marked with er-
ror bars. The inset shows photos of the samples (a) Au51.6Ag5.8Pd2.4-
Cu20.2Ga6.7Si13.3 and (b) Au49Ag5.5Pd2.3Cu26.9Si16.3 after the test. The
initial premium white color has turned into a distinct brown for sam-
ple (b) while sample (a) retains a much brighter color. Figure taken

from Ref. [210].

and kinetic contributions. A value that is readily accessible is the Gibbs free energy
difference between the liquid and the crystal. If the Turnbull approximation (Eq.
2.12) is used, the driving force for nucleation can be estimated from ∆S f . Figure
4.12 shows the determination of ∆H f from which ∆S f is calculated (Eq. 2.11) and
the connection between Trg and ∆S f . It is observed that alloys possessing a small
Trg feature a large ∆S f resulting in a small critical casting thickness. Accordingly,
both parameters reflect the change in the GFA of the alloys under investigation. The
characteristic temperatures and the values of ∆S f , ∆H f , Trg and dc of the different
alloy compositions are summarized in Tab. 4.1.

The success of correlating Trg and ∆S f with the GFA of the alloys points to the fact
that the primary competing phase remains unchanged by the alloy modifications. A
variation of the primary phase would change the driving force for nucleation (see
Fig. 2.3) and the interfacial energy. As these values effect the nucleation barrier (Eq.
2.31), a changing primary phase would alter the nucleation temperature TN , defined
as the temperature at which crystallization occurs at a certain cooling rate. Hence,
the ratio between Tg and TN should more precisely predict the compositional varia-
tion of the GFA than Trg [209]. Although Fig. 4.13 is a fairly simple representation
of the underlying mechanisms, it illustrates the decisive difference between Trg and
Tg/TN (=TrN) and their connection to the GFA. In an eutectic system, ∆Tα,β (=Tl-TN)
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FIGURE 4.12: (a) Thermogram of the melting event of Au49-
Ag5.5Pd2.3Cu26.9Si16.3, Au49Ag5.5Pd2.3Cu23.5Ga3.4Si16.3, Au49Ag5.5-
Pd2.3Cu20.2Ga6.7Si16.3 and Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3. The en-
thalpy of fusion corresponds to the shaded areas. (b) Connection be-
tween the reduced glass transition temperature Trg and the entropy
of fusion ∆S f , reflecting the driving force for nucleation upon under-
cooling. The solid line is used to guide the eye. Figure taken from

Ref. [210].

TABLE 4.1: Tg (heating rate 0.333 K/s) is the onset of the glass tran-
sition, Tm the melting and Tl the liquidus temperature. ∆H f and ∆S f
are the enthalpy and entropy of fusion, respectively. dc represents the
critical casting thickness and Trg is the reduced glass transition tem-

perature. Table taken from [210]

Tg Tm Tl ∆H f ∆S f = ∆H f /Tl dc Trg
(K) (K) (K) (kJ g-atom-1) (kJ g-atom-1 K-1) (mm)

A 400 614 664 5.2 ± 0.15a 7.8 5b 0.604
B 379 614 762 7.3 ± 0.20 9.6 ≥ 1 0.497
C 376 614 863 8.9 ± 0.25 10.3 ≥ 0.25 0.436
D 376 615 679 5.7 ± 0.15 8.4 3 0.554
E 370 601 655 5.6 ± 0.17 8.6 ≥ 4 0.565

A, Au49Ag5.5Pd2.3Cu26.9Si16.3
B, Au49Ag5.5Pd2.3Cu23.5Ga3.4Si16.3
C, Au49Ag5.5Pd2.3Cu20.2Ga6.7Si16.3
D, Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3
E, Au51.6Ag5.8Pd2.4Cu20.2Sn6.7Si13.3
a∆H f =5.3 kJ/g-atom [199, 212]
b[199]
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FIGURE 4.13: Effect of the primary precipitating phase on the nu-
cleation temperature TN and its indication on the GFA. (a) Compo-
sitional dependence of TN at a cooling rate R in an eutectic system
under non-equilibrium conditions. ∆Tα,β represents the required un-
dercooling to form supercritical nuclei of the α- or β- phase, respec-
tively, and is assumed to be constant [209]. The highest undercooling
is found at an off-eutectic composition, indicating the highest GFA.
Figure after Ref. [209]. (b) Representation of TN in a CCT diagram.
A lower TN suggests that the crystallization nose of the alloy compo-
sition is shifted to longer times and therefore, the liquid possesses a

higher GFA (lower Rc).

represents the required undercooling to form a supercritical nucleus of the α- and β-
phase at the cooling rate R, which leads to the crystallization of the entire liquid. In
other words, ∆Tα,β refers to the level of undercooling at which the cooling curve in
a CCT diagram intersects with the crystallization nose (Fig. 4.13). If the liquid with
the composition c1 is cooled at the rate R as shown in Fig 4.13(a), the α-phase forms
at TN(c1, R). At the eutectic composition cE, the non-equilibrium conditions during
cooling allow the formation of the α-phase prior to the β-phase. The compositional
change from c1 and cE reduces Tl and TN equivalently and Trg and TrN represent
equally well the change in GFA. At the composition c2, the primary phase at the
cooling rate R changes from α to β and a maximum undercooling is achieved. In this
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case Trg decreases, whereas TrN increases. As shown 4.13(b) a lower TN implies that
the upper portion of the crystallization nose is located at lower temperatures. This
indicates that the crystallization nose is shifted to longer times resulting in a slower
critical cooling rate. It should be noted that the upper portion of the crystallization
nose is nucleation controlled. This means that for slow cooling rates the detection of
the small differences in TN among different alloy compositions might be hampered
by statistical fluctuations. On the other hand, the phases involved might benefit
differently from the container walls or impurities (heterogeneous nucleation), effect-
ing the nucleation barrier [100, 209]. Nevertheless, the concept of the nucleation
temperature demonstrates why many metallic glass-forming alloy compositions do
not coincide with the eutectic composition. The selection of the primary competing,
crystalline phase in multicomponent eutectic systems plays a decisive role for the
GFA, as experimentally shown in the Pd-Ni-S system [179].

In order to visualize the effect of the compositional modifications, the ternary Au-
Ga-Si and Au-Sn-Si liquidus projections are calculated (Fig. 4.14(a) and 4.14(b)). The
addition of Ga or Sn shifts the overall composition of the mother alloy (pseudo-
composition labeled A in Fig. 4.14(a)) from the near-eutectic GFR to an off-eutectic
region (liquid + Si), where a high Tl (see Fig. 4.5 and 4.8(a)) and a large Gibbs free
energy difference (see Fig. 4.12) strongly facilitates the formation of Si crystals as
primary phase upon cooling (composition B in Fig. 4.14(a)). The proximity to the
GFR is restored through the reduction of the Si content, shifting the composition
from B to C (arrow (2) in Fig. 4.14(a)). This results in a pronounced decrease of Tl
and ∆S f . Consequently, the GFA recovers upon changing the composition from B
to C. The effect of the alloy modifications, visualized in Fig. 4.14(a), interestingly
well coincides with the results obtained for the more complex senario Au-Ag-Pd-
Cu-Ga-Si and Au-Ag-Pd-Cu-Sn-Si systems. The similarities between the Sn- and
Ga-containing ternary phase diagrams explain why the strategy of shifting the alloy
composition back to the GFR works for both elements. From a structural point, these
striking parallels in terms of the GFA are highly surprising for senario systems. The
variation of the atomic size of Cu (126 pm) and the substituting elements Ga (134 pm)
and Sn (155 pm) [170] suggests that the structure of the liquid is altered significantly.
The observed difference in the GFA between Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3 and
Au51.6Ag5.8Pd2.4Cu20.2Sn6.7Si13.3 might be traced back to the larger atomic size of Sn,
leading to a more efficiently packed liquid.

The corrosion experiments reveal that the substitution of Cu by Ga or Sn effectively
reduces the extent of the corrosion attack. The Cu release into the test solution is re-
duced by a factor of 2.5 and 5.8 for the addition of Ga and Sn, respectively. Moreover,
the alloying elements drastically reduced the corrosion depth. The inwards growth
of the amorphous SiO2 is reduced by ca. 50% for Ga and ca. 80% for Sn. This can
partly be attributed to the overall reduction of Cu and Si, primary involved in the
corrosion process. However, the difference in the corrosion depth between the Ga-
and Sn- containing alloy indicates that the sixth element might take an active role
in the corrosion process and affects the underlying mechanism. This is supported
by the element release test that is normalized to the atomic concentration of the el-
ement in the alloy, showing a pronounced reduction of the Cu release (Fig. 4.9(b)).
An explanation for the improved tarnishing resistance might be the formation of an
additional oxide layer (e.g. Ga2O3) slowing down the outward diffusion of Cu and
prohibiting the internal growth of the SiO2 dendrites. It stands to reason that an in-
crease of the Ga or Sn concentration further improves the tarnishing resistance of the
alloys. However, the liquidus projections suggest that there might be a natural limit
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(a)

(b)

FIGURE 4.14: Calculated liquidus projections of the (a) Au-Ga-Si
(SNOB3 database) and (b) Au-Sn-Si (SSOL5 database) system. It
should be noted that the Si axes in these illustrations are only shown
to 20 at%, so the eutectic trough is overly contorted for demonstra-

tional reasons. Figures taken from Ref. [210].
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beyond which the ability to form a glass is lost. At a Ga concentration of ∼13 at%
(and∼10 at% Si), the primary competing phases change from Si(-solid solution) and
Au-solid solution (Au) to Si and the intermetallic phase β-Au7Ga2. In the case of a Sn
addition, the β-Au10Sn2 and the ζ-AuSn crystalline phases are in equilibrium with
the melt, when the Si content is reduced. As observed for the In- and Sb-containing
alloys, a change in primary phase might be detrimental for the GFA. It should be
noted that the liquidus projections in Fig. 4.14 do not take the influence of the other
alloying elements into account and that the actual multicomponent liquidus projec-
tion and the competing phases might deviate. However, the calculated diagrams can
be considered as useful tool that allows a better interpretation of the experimental
findings.

In a recent study, the Ga content is further maximized by applying the
strategy described above [213]. It is found that the alloy composition
Au52.6Ag5.8Pd2.4Cu18.7Ga8.2Si12.3, possessing a dc of 2 mm, is the best compromise
between Ga content and GFA. As shown in Fig. 4.15, the evolution of dc is used to
to draw a trend line in order to estimate the critical Ga content at which the GFA
collapses. This value might be at approximately 9 at% Ga, which is lower than the

FIGURE 4.15: Effect of the substitution of Cu by Ga on the Cu release
into artificial saliva and on dc. The dashed-dotted line is a trend line
illustrating the dependence of dc on the Ga concentration. The verti-
cal, black line marks the estimated Ga threshold concentration up to
which bulk glassy samples can be obtained from the liquid state. The
linear extrapolation of the Cu release suggests that it comes to halt at

approximately 10 at%. Figure adapted from Ref. [213].

value derived from the phase diagram in Fig. 4.14 but in accordance to experimen-
tal observations [214]. Moreover, the Ga content at which the Cu release approaches
zero is estimated from the extrapolation of the existing data. This value is expected
to be at 10 at% Ga which is beyond the estimated natural alloying threshold of 9
at% [213]. In order to reach higher Ga contents and simultaneously maintain the
amorphous character of the sample, Ga atoms are locally implanted in the Au51.6-
Ag5.8Pd2.4Cu20.2Ga6.7Si13.3 alloy composition using a focused ion beam. Simulations
of the Ga distribution in an irradiated surface suggest a Ga concentration of 11 at%
in 10 nm depth if the sample area is exposed to Ga ions for 1000 s [213]. Fig. 4.16
shows that the areas that are irradiated for 1000 s remain unaffected in the corrosion



72
Chapter 4. Development of a gold based bulk metallic glass with improved

tarnishing resistance

FIGURE 4.16: Effect of the Ga implantation (using focused ion beam)
on the tarnishing behavior of Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3 after
seven days in artificial saliva. The dashed squares represent areas that
were irradiated for 0, 1, 10, 100, and 1000 s. The areas that were irra-
diated for 1000 s possess a Ga concentration of approximately 11 at%
in 10 nm depth. The insets show a cross-section of the non-irradiated
and irradiated area. In contrast to the non-irradiated area, a corrosion
attack in the irradiated area only occurs locally, where the surface has

been scratched. Figure taken from Ref. [213].

test. However, these results are only representative for samples exposed to artificial
saliva for seven days. Whether a long-term effect through the implantation of Ga
is achieved needs to be evaluated. Moreover, the low penetration depth of the Ga
ions makes the sample sensitive to scratches. The inset in Fig. 4.16 reveals that local
damage exceeding a depth of 10 nm are prone to a corrosion attack.

4.4 Summary and Outlook

The 18kt gold based bulk glass-forming composition Au49Ag5.5Pd2.3Cu26.9Si16.3 is
modified to improve the corrosion resistance. The substitution of Cu by Ga and Sn
leads to a pronounced increase of the liquidus temperature and of the driving force
for crystallization (estimated from the entropy of fusion). This results in a drop of
the glass-forming ability which is restored by adjusting the Si content. The reduction
of the Si content shifts the alloy composition towards the glass-forming region again.
This strategy is used to reduce the Cu and Si content, which are the elements respon-
sible for the fast color change, and simultaneously maintain the ability for bulk glass
formation. The modified alloy compositions exhibit a four to eight times lower el-
ement release in artificial saliva, depending on the substituting species. The results
indicate that the improved tarnishing resistance is not solely traced back to the re-
duction of disadvantageous elements. The substituting elements Sn and Ga might
rather take an active role in the corrosion process by forming an additional oxide,
preventing the fast color change. However, the alloy modifications are not able to
cease the tarnishing process completely. Depending on the alloy composition, the
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color of the tarnished sample changes from brownish for the mother alloy, to red-
dish for the Ga-containing and to yellowish for the Sn-containing alloy. Figure 4.17
shows the color of the tarnished Au51.6Ag5.8Pd2.4Cu20.2Ga6.7Si13.3 and Au51.6Ag5.8-
Pd2.4Cu20.2Sn6.7Si13.3 alloy composition in comparison to the freshly ground mother
alloy. As the colors of the tarnished samples are homogeneous, it might be conceiv-

FIGURE 4.17: Photography of tarnished (reddish: Au51.6Ag5.8Pd2.4-
Cu20.2Ga6.7Si13.3, yellowish: Au51.6Ag5.8Pd2.4Cu20.2Sn6.7Si13.3) and

freshly ground (mother alloy) samples.

able to use them as color gold. Sn and Ga are exchangeable and combinable [177]
which would allow to design new colors. Before these alloys could be used as color
gold it needs to be clarified if the colored surface is resistant against abrasion and
how the color changes when the samples are in contact with a corrosive environ-
ment for more than seven days. Furthermore, the observation that the local increase
of the Ga concentration in the surface improves the tarnishing resistance might be a
suitable starting point for further research. For example, the Ga concentration at the
surface might be increased through a simple immersion of the jewelry item in liquid
Ga. In the case of crystalline Au alloys, this method is used to form a 10 to 100 µm
thick surface layer of AuGa2, which is known as blue gold [215].

In order to circumvent the tarnishing issue, the combination of Cu and Si in the
alloy composition needs to be avoided. As the mother alloy is based on the Au-Cu-
Si system, this requirement necessitates the exploration of completely new alloying
systems. The atomic size of Cu is in-between that of Si and Au, fulfilling Inoue’s
12% rule (see Chapter 1). Therefore, Cu is expected to increase the packing density
and improve the glass-forming ability3 and needs to be replaced adequately. Ele-
ments that are worth considering from a topological point of view (Fe, Ni, Co) are
not suitable for jewelry alloys and/or exhibit a positive heat of mixing with Au [216].
Another deep eutectic is found in the Al-Au system. At∼ 22 at% Al the melt is stable
down to 789 K. However, Au and Al are topologically equivalent [170] which prob-
ably requires the addition of different atomic species to increase the atomic packing

3According to Ref. [199], Au55Cu25Si20 possesses a dc of 0.5 mm whereas amorphous samples of
Au75Si25 can be produced with a thickness of 10 µm [3].
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in the liquid4. In these systems, the concept of the nucleation temperature in combi-
nation with new techniques like fast differential scanning calorimetry (FDSC) [159,
218, 219] and combinatorial approaches [209, 220–222] may pave the way to a new
bulk glass-forming composition, excluding Cu and Si as alloying elements.

4In a Au-Al-Cu co-sputtered thin film no amorphous phase was detected [217].
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The Pt-P-based alloys are among the best bulk glass-forming systems. The dc of the
alloy compositions with the highest GFA reaches a value of 2 cm [15, 223]. As shown
in the following, the synergy of different contributions influences the stability of the
liquid state in the Pt-P-based system. The high thermal stability of the undercooled
liquid upon heating from the glassy state and upon cooling from the equilibrium
liquid, their extremely low Tl , and their precious metal character predestines this
class for the analysis of the thermophysical properties. Their compositional similar-
ity to the Pd-P-based system is striking and simultaneously hardly surprising when
the atomic size of Pd and Pt and the binary phase diagrams with the other con-
stituents are compared. These similarities do not point towards distinct differences
between the two alloying systems. However, dc increases by a factor of four when
Pt is replaced by Pd completely [15, 16]. Moreover, it is observed that Pd-P-based
alloys exhibit a pronounced dependence of their bending plasticity on the applied
cooling rate whereas the high ductility in Pt-P-based alloys is retained, even at low
cooling rates [224]. The partial replacement of Pd by Pt reduces the sensitivity of
the bending plasticity on the cooling rate. In general, Pt- and Pd-based alloys are
among the most ductile BMGs and possess a high resistance to crack propagation
[225–227]. Furthermore, some alloy compositions containing 85 wt% [15] and 95
wt% [227] of Pt meet the hallmarking conventions which makes them suitable for
jewelry applications or for applications in luxury goods [228, 229]. Figure 5.1 shows
the first amorphous wedding band made of a Pt-P-based bulk glass-forming alloy.
Preliminary investigations on the tarnishing behavior of Pt-P-based BMGs indicate a

FIGURE 5.1: First amorphous wedding band made of Pt57.3Cu14.6-
Ni5.3P22.8 (85 wt% Pt).

high corrosion resistance against saliva and no significant color change is observed.
The establishment of Pt-P-based alloys as jewelry alloys is currently hindered by the
sophisticated alloying process and the challenging recycling procedure.
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5.1 Thermodynamics and kinetics of the liquid

The methods described in Chapter 3 are used to determine the thermodynamic and
kinetic properties of Pt-P-based BMG forming liquids. The collected data are de-
scribed with the functions given in Chapter 2. The thermodynamic and kinetic func-
tions are later used to model the isothermal crystallization behavior of Pt-P-based
liquids.

5.1.1 Thermodynamic properties

Figure 5.2 shows the specific heat capacity of the Pt42.5Cu27Ni9.5P21 and Pt60Cu16-
Co2P22 alloy compositions as function of temperature in the glassy, crystalline, su-
percooled and in the equilibrium liquid state. The specific heat capacity data were

FIGURE 5.2: Specific heat capacity of the glass (�), the crystal (�),
the supercooled liquid (4) and the equilibrium liquid (©) of Pt42.5-
Cu27Ni9.5P21 (upper panel) and Pt60Cu16Co2P22 (lower panel). The
curves (solid, dashed and dashed-dotted) represent the fits to Eqs.
2.7, 2.7 and 2.9. Tl marks the liquidus temperature at 874 K and 882
K, respectively. T∗g is the temperature at which the supercooled liquid
reaches 1012 Pa s, and T0 is the temperature at which viscosity devi-
ates towards infinity (Eq. 2.18). TD is the Debye temperature of the
glass obtained as a fitting parameter (Eq. 2.9). Data taken from Refs.

[67, 75] .

determined at a heating rate of 0.333 K/s, a step width of 10 K and an isothermal
holding time of 120 s. The data points were collected in a temperature interval from
193 K to approximately Tl+ 90 K. At low temperatures, the specific heat capacity of
the glass is slightly above that of the crystal. Upon approaching the glass transition,
Cp rises quickly until the SCL region is reached. From there on, Cl

p decreases with
increasing temperature. The Equation 2.7, 2.8 and 2.9 are used to fit the experimental
data. The fitting parameter for Pt42.5Cu27Ni9.5P21 are determined to be a = 9.61385
× 10-3 J g-atom-1 K-2, b = 5.52829 × 106 J g-atom-1 K, c = -6.1463 × 10-3 J g-atom-1
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K-2 and d = 16.4663 × 10-6 J g-atom-1 K-3. The values of the fitting parameter of
Pt57.3Cu14.6Ni5.3P22.8, and Pt60Cu16Co2P22 are listed in Tab. 5.1.

The characteristic temperature of the alloys (Tg, Tx, Tm, Tl) are determined from the
thermograms of amorphous samples at a heating rate of 0.333 K/s. ∆Hx and ∆H f
are average values that were calculated from the integration of several crystalliza-
tion and melting events. Prior to determining ∆H f , the liquid was solidified at a
cooling rate of 0.333 K/s. In the case of the Pt42.5Cu27Ni9.5P21 alloy composition, Tg
is located at 514 K, Tx at 597 K, Tm at 779 K and Tl at 874 K. Hence, the extent of
the supercooled liquid region upon heating at 0.333 K/s (∆T=83 K) exceeds that of
the Au-based BMGs (see Chapter 4). Moreover, Tl is approximately 1150 K lower
than the melting point of pure Pt which eases the casting of the alloys significantly.
The integration of the crystallization peak (shown in Fig. 3.3) and the melting peak
yields a ∆Hx and ∆H f of 7.4 and 10.5 kJ g-atom-1, respectively. Using Eq. 2.11,
∆S f is determined to be 12 J g-atom-1 K-1 which is twice as high as the value deter-
mined for the Pd43Cu27Ni10P20 alloy composition (5.8 J g-atom-1 K-1, ∆H f =5.02 kJ
g-atom-1 [110], Tl=866 K [230]). The values are summarized together with those of
Pt57.3Cu14.6Ni5.3P22.8 and Pt60Cu16Co2P22 in Tab. 5.2.

TABLE 5.1: a, b, c, d, M, and TD are the fitting parameter of Eqs. 2.7-
2.9. Values taken from Refs. [67, 75, 148].

a× 10−3 b× 106 c× 10−3 d× 10−6

J g-atom-1 K-2 J g-atom-1 K J g-atom-1 K-2 J g-atom-1 K-3

A 9.61384 ± 0.1676 5.52829 ± 0.0572 -6.1463 ± 0.5480 16.4663 ± 1.1836
B 5.6268 5.7648 -4.4622 11.977
C 5.46846 6.2676 -1.2242 7.7265

M(glass) M(xtal) TD(glass) TD(xtal)
K K

A 0.98 0.99 133.3 ± 1 140.4 ± 2.5
B n.a. n.a. n.a. n.a.
C 0.97 0.96 144.5 139.8

A, Pt42.5Cu27Ni9.5P21
B, Pt57.3Cu14.6Ni5.3P22.8
C, Pt60Cu16Co2P22

Based on ∆H f and ∆Cl−x
p (T), ∆Hl−x(T) is calculated according to Eq. 2.5 (Fig. 5.3).

The calculated curve can be validated by crystallization experiments as shown by
Gallino et al. for the Pd43Cu27Ni10P20 alloy composition [110]. The crystallization
enthalpies can be obtained in continuous heating or cooling experiments at various
rates or in isothermal experiments at different temperatures. Figure 5.3 shows the
enthalpic pathway during isothermal annealing experiments on amorphous sam-
ples of Pt42.5Cu27Ni9.5P21 at 533 K and 578 K. The samples were heated from the
glassy state to the desired temperature at a rate of 2 K s−1. The temperatures are lo-
cated in and above the glass transition region as shown in the thermogram in Fig.
5.3(1). After a short relaxation period (< 100 s, see Fig. 5.7(a)) for the sample that
is held at 533 K, both specimens reside in the metastable supercooled liquid state.
The exothermic crystallization events are shown in Fig. 5.3(2) and the associated
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TABLE 5.2: Glass transition temperature Tg (heating rate 0.333 K/s),
crystallization temperature Tx (0.333 K/s), melting temperature Tm
and liquidus temperature Tl of three different Pt-P-based bulk glass-
forming alloys. ∆H f and ∆S f are the enthalpy and entropy of fusion.

Values taken from Refs. [67, 75]

Tg Tx Tm Tl ∆Hx ∆H f ∆S f
K K K K kJ g-atom-1 kJ g-atom-1 kJ g-atom-1 K-1

A 514 597 779 874 ± 2 7.4* ± 0.3 10.5 ± 0.3 12.0
B 501 577 735 833 7.7 11.4 13.7
C 506 573 824 882 ± 5 7.3 ± 0.3 10.7 ± 0.35 12.1

A, Pt42.5Cu27Ni9.5P21
B, Pt57.3Cu14.6Ni5.3P22.8
C, Pt60Cu16Co2P22
* value corrected

enthalpy release is visualized as vertical arrows in the ∆Hl−x(T) plot. At 533 K,
crystallization occurs after 17 000 s and the crystallization enthalpy, obtained from
integration of the exothermic crystallization peak, is 4.18 kJ g-atom-1. The higher
atomic mobility at 578 K shifts crystallization to 161 s and ∆Hx increases to 4.99 kJ
g-atom-1. The difference in ∆Hx results from the fact that the sample at 578 K resides
in a higher enthalpic state, as indicated in the enthalpy curve in Fig. 5.3. In general,
the structural state obtained after isothermal annealing is not identical to the one
that is melting at the solidus temperature and further transformations occur upon
heating. To obtain the overall crystallization enthalpy, the specimens are heated at
0.333 K/s to the solidus temperature after the isothermal holding. The thermograms
are shown in Fig. 5.3(3) and the released enthalpy for the isothermally annealed
samples ranges from 2.0 to 2.3 kJ g-atom-1. As within the scattering no clear trend
between the amount of enthalpy released upon reheating and the holding tempera-
ture is observed, an average value of 2.20 kJ g-atom-1 for Pt42.5Cu27Ni9.5P21 (2.65 kJ
g-atom-1 for Pt60Cu16Co2P22) is added to the isothermal ∆Hx. In the following melt-
ing process (Fig. 5.3(4)), ∆H f is required to dissolve the crystalline structure and the
equilibrium liquid state is reach at Tl . During the casting process (Fig. 5.3(5)), the
sample follows the enthalpy curve of the liquid and eventually freezes to a glass if
the crystallization process is bypassed.

The ∆Hl−x(T) curve represents a closed cycle and the crystallization enthalpies ob-
tained at high and low temperatures are used to validate the specific heat capacity
measurements as shown for Pt42.5Cu27Ni9.5P21 and Pt60Cu16Co2P22 in Fig. 5.4. In
continuous and isothermal measurements, the onset temperature of crystallization
and the annealing temperature are used as reference temperature for the ∆Hx-values
in Fig. 5.4. Both temperatures mark the point at which the enthalpy of the sample
starts to deviate from that of the liquid phase. In Fig. 5.4 it can be seen that the
isothermally and continuously measured ∆Hx-values follow the course of the cal-
culated curve. The values are within the error interval, taken as three times the
standard deviation of ∆H f (Tab. 5.2). The isothermal high temperature crystalliza-
tion enthalpies of Pt60Cu16Co2P22, shown is Fig. 5.4(b), should be regarded as a
lower limit since the formation of the primary crystal already occurs in the cooling
protocol. It should be noted that the assumption of a vanishing ∆Gl−x at Tl sets
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FIGURE 5.3: Enthalpy pathway of the Pt42.5Cu27Ni9.5P21 composi-
tion during the DSC experiments. (1) Samples are heated from the
glassy state at a rate of 2 K/s to various temperatures and held there
isothermally. (2) Enthalpy release upon isothermal crystallization.
The amount of enthalpy release depends on the annealing temper-
ature. (3) Enthalpy release upon heating the isothermally crystallized
sample to the solidus temperature at a rate of 0.333 K/s. (4) Endother-
mic melting event of the sample at 0.333 K/s. (5) During cooling from
the equilibrium liquid, the enthalpy of the liquid decreases with de-
creasing temperature and the liquid freezes at the glass transition.

Figure after Ref. [230].

the enthalpy curve to the upper temperature limit. The horizontal dashed lines rep-
resent the enthalpic state frozen-in at the indicated cooling rates, as the intercept
corresponds to the fictive temperature, derived from the Tg-shift measurements dis-
cussed in the following section.

5.1.2 The kinetic fragility

The kinetic fragility of the BMG forming liquids is determined by measuring the
temperature dependence of the equilibrium viscosity. Figure 5.5 shows isothermal
viscosity measurements below the calorimetric glass transition for the Pt60Cu16Co2-
P22 (Tg(0.333 K/s) = 506 K) and the Pd43Cu27Ni10P20 (Tg(0.333 K/s) = 580 K) alloy
composition. As the temperature in the isothermal experiments is reached, the re-
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FIGURE 5.4: Enthalpy of the undercooled liquid (a) Pt42.5Cu27Ni9.5-
P21 and (b) Pt60Cu16Co2P22 with respect to the crystal as a function
of temperature (bold solid line). The shaded area below and above
the enthalpy curve of the liquid represents the error interval, taken
as three times the standard deviation of the enthalpy of fusion. The
crystallization enthalpy is determined in isothermal (©) and contin-
uous heating (�) experiments. The grey-shaded region corresponds

to the melting interval of the alloys. Figure taken from Ref. [230].

laxation of the glass towards the metastable equilibrium state is observed. This re-
laxation process is accompanied by an increase in viscosity and can be well described
by Eq. 2.49. After a certain time, the viscosity of the sample reaches a plateau value
corresponding to the metastable equilibrium value of the supercooled liquid.

Another method that is used to determine the kinetic fragility of an alloy is the Tg-
shift method (see Chapter 3). As-cast samples were heated at 0.333 K/s into the
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FIGURE 5.5: Isothermal evolution of viscosity below the calorimetric
glass transition of Pt60Cu16Co2P22 (a) and Pd43Cu27Ni10P20 (b) mea-
sured by three-point beam bending. The data show the relaxation
from the glassy to the supercooled liquid state, which is fitted using

Eq. 2.49 (dashed line).

supercooled liquid region and cooled at various rates to room temperature. Sub-
sequently, the samples were heated through the glass transition at the same rate as
used in the cooling protocol, which is shown for the Pt42.5Cu27Ni9.5P21 alloy com-
position in Fig. 5.6. This procedure guarantees that the measured onset of the glass
transition corresponds to the fictive temperature [188]. The transition time is calcu-
lated according to Eq. 3.15. From the temperature dependence of the transition time
the kinetic fragility of the liquid is derived.

Figure 5.7 shows the equilibrium viscosity data, the transition times, τtrans, and the
continuously measured viscosity together with the DSC scans of Pt42.5Cu27Ni9.5P21
and Pt60Cu16Co2P22 as a function of the inverse temperature. The vertical arrows
indicate the relaxation pathways of the viscosity during isothermal annealing. The
VFT fit (Eq. 2.18) to the experimental isothermal equilibrium viscosity data is rep-
resented by a red, dashed line, yielding a D∗ and a T0 of 15.3 and 354.4 K for Pt42.5-
Cu27Ni9.5P21 and 11.8 and 371.4 K for Pt60Cu16Co2P22. These values indicate a fragile
liquid behavior for the investigated Pt-P-based alloys, which is in accordance to the
values derived for other Pt- and Pd-based alloys [231, 232]. The DSC scan depicted in
the lower panel was performed with an equivalent heating rate as the continuously
measured viscosities, illustrating that a significant softening occurs when the sample
undergoes the transition from the glassy to the supercooled liquid state. At the end
of the glass transition region, the viscosity follows the VFT fit until crystallization
occurs or the TMA deflection limit is reached. The τtrans values shown as half-filled
pentagons are not used for the VFT fit. However, τtrans follows the predicted course
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FIGURE 5.6: DSC heat flow curves of Pt42.5Cu27Ni9.5P21. As cast sam-
ples were equilibrated by heating them at 0.333 K/s to 550 K and
cooling them down to the glassy state at different cooling rates qc.
Subsequently, scans were performed with the heating rate qh = qc.
The triangles tag the onset and end of the glass transition, as obtained
by the tangent construction. Tx indicates the onset of crystallization.

Figure taken from Ref. [67].

of the VFT fit, confirming the fragile liquid behavior. The factor connecting τtrans
and the measured viscosity (Gτ−η

1) are calculated according Eq. 2.1. The value for
the Pt42.5Cu27Ni9.5P21 and Pt60Cu16Co2P22 BMG forming liquids are 1.93 ×108 Pa ±
0.46×108 Pa and 8.97×107 Pa± 1.37×107 Pa. As mentioned by Masuhr et al., Gτ−η

does not coincide with the high frequency shear modulus, G∞, in Eq. 2.1 [111]. In
general, G∞ is larger than Gτ−η , which is based on the fact that τtrans is proportional
but not identical to the structural α-relaxation time τα. The proportionality can be
derived from the identical slopes of τtrans(T) and η(T) in the glass transition region
in Fig. 5.7, representing the fragility of the liquids (Eq. 2.20). From the measured
G∞-values in metallic glasses [233] it is derived that τα is approximately two orders
of magnitude faster than τtrans [111].

The VFT fits of the different Pt-P-based alloys are shown in Fig. 5.8. Their kinetically
fragile behavior contrasts that of many Zr-, Au-, Fe- and Mg-based BMG forming liq-
uids, featuring large D∗ values in the range of 20 to 35 [21, 40, 64, 214]. For reasons
of comparison, the viscosity curve of the Fe67Mo6Ni3.5P12C5.5B2.5 liquid is depicted
in Fig. 5.8 which decreases less rapidly upon heating the supercooled liquid, repre-
sented by a D∗ value of 21.3 [40]. For the Pd43Cu27Ni10P20 liquid, different fragility
parameters can be found in literature [110, 232]. In order to obtain a fragility value
that can be compared to that of the Pt-P-based alloys, the equilibrium viscosity of
Pd43Cu27Ni10P20 is determined at different temperatures (Fig. 5.5). The equilibrium
viscosity values are added to Fig. 5.8 and the corresponding VFT fit yields a D∗ of
14.0, which is higher than the values determined in previous studies (D∗=10.3 [110])
but comparable to that of the compositionally similar Pd40Cu30Ni10P20 (D∗=14.5
[110]) and Pd42.5Cu30Ni7.5P20 (D∗=16.5 [231]) liquids. The kinetic parameters of the
alloys are summarized in Tab. 5.3.

1A temperature dependence of Gτ−η is neglected.
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FIGURE 5.7: (a) and (b) show the isothermally determined equi-
librium viscosity values (�) and viscosity values measured with a
constant heating rate (0.333 K/s) in three-point beam bending ex-
periments (©) of Pt42.5Cu27Ni9.5P21 and Pt60Cu16Co2P22. The long
dashed line corresponds to the VFT fit (Eq. 2.18). The half-filled
pentagons represent the transition times measured via the Tg-shift
method in DSC (not used for the fits). Also included is a DSC scan
of an amorphous sample (bottom). The calorimetric glass transition
region agrees with the temperature and time window, in which the
viscosity reaches its equilibrium value during the scan. Figure taken

from Ref. [67].
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FIGURE 5.8: Angell Plot of the equilibrium viscosity (solid lines, Eq.
2.18) of different BMG forming liquids. For reasons of clarity, only the

data points of the Pd43Cu27Ni10P20 liquid are shown.

TABLE 5.3: Kinetic parameters of Pt-P-based liquids. η0 is the pre-
exponential factor, reflecting the high temperature limit of viscosity.
T0 and D∗ are the VFT temperature and the fragility parameter ob-
tained as fitting parameter in the VFT equation. m is the fragility in-
dex and T∗g the temperature at which the supercooled liquid reaches a
value of 1012 Pa s. The values of the Pt-P-based alloys are taken from

Ref. [67].

η0 × 105 D∗ m T0 T∗g
Pa s K K

A 4.0 15.3 ± 0.5 56.9 ± 1.8 354.4 ± 3.5 498.0
B 4.0 13.6 ± 1 62.0 ± 4.8 352.6 ± 7 479.1
C 3.8 11.8 ± 0.1 69.2 ± 0.6 371.4 ± 0.8 487.0
D 4.0 14.0 ± 0.3 60.6 ± 1.3 412.4 ± 2.4 565.4

A, Pt42.5Cu27Ni9.5P21
B, Pt57.3Cu14.6Ni5.3P22.8
C, Pt60Cu16Co2P22
D, Pd43Cu27Ni10P20
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5.2 Crystallization of the supercooled liquid

Figure 5.9 shows the continuous cooling, the isothermal low temperature and
isothermal high temperature experiments for the Pt42.5Cu27Ni9.5P21 alloy composi-
tion. In the case of the high temperature measurements, the liquids were covered
with B2O3 in order to prevent the samples from oxidation. In the continuous cooling

FIGURE 5.9: Crystallization experiments on Pt42.5Cu27Ni9.5P21. (a)
heat flow signal upon cooling at various rates from 973 K (Tl=874 K).
The exothermic shoulder before the main crystallization peak gets
less pronounced for higher cooling rates and vanishes at a rate of 2
K/s. Curves are shifted vertically and horizontally for clarity. (b)
isothermal heat flow signal in vicinity of Tg. For higher tempera-
tures, the crystallization event is more localized and shifted to shorter
times. (c) isothermal heat flow signals at 150 K below Tl . The indi-
vidual crystallization events occur in a broad time interval typically
observed for nucleation controlled processes. Figure (a) and (b) are

taken from Ref. [230].
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experiments, the sample is initially heated to 973 K. After a holding time of 120 s,
the liquid is cooled at various rates. The direction of the cooling process is indicated
by an arrow and the heat flow signals are shifted along both axes for better compar-
ison of the onset of crystallization, Tonset

x . An exothermic shoulder before the main
crystallization peak is observed for slow cooling rates (qc ≤1 K/s). As the cooling
rate is increased, this characteristic gets less pronounced and is not observed for a
qc of 2 K/s. The disappearance of this primary crystallization event with increasing
cooling rates indicates that it is not the limiting process for glass formation. There-
fore, the isothermal holding temperature in high temperature crystallization exper-
iments, shown at 723 K in Fig. 5.9(c), is reached at a cooling rate of 2 K/s. As the
crystallization process is nucleation controlled at high temperatures, it is subject to
a larger statistical fluctuation and occurs over a wide time interval. In contrast, the
low temperature crystallization process depicted in Fig. 5.9(b) is growth controlled
and arises with little temporal fluctuation.

For the Pt60Cu16Co2P22 liquid, the heat flow curve of a continuous cooling experi-
ment in Fig. 5.10(a) shows an even more pronounced shoulder-like exothermic sig-
nal preceding that of the main crystallization event. This pre-peak corresponds to

FIGURE 5.10: (a) Heat flow signal of Pt60Cu16Co2P22 (Tl=882 K,
Tm=824 K) upon cooling from 973 K at a rate of 0.333 K s−1. The
primary crystallization sets in at 842 K and the main crystallization
at 727 K. The solidus and liquidus temperature upon heating at
0.333 K s−1 are marked with a dashed line. (b) Raw synchrotron X-ray
diffraction data collected during cooling from 1048 K with a rate of
0.333 K s−1. Right below the solidus temperature Bragg-peaks form,
indicating the nucleation of the primary phase. Figure taken from

Ref. [230].



5.2. Crystallization of the supercooled liquid 87

the formation of the primary crystalline phase as shown by in-situ synchrotron X-ray
experiments (5.10(b)), revealing the development of Bragg-peaks slightly below the
solidus temperature. Although Tonset

x of the primary phase decreases with increas-
ing cooling rate, its formation is not suppressed even at the highest cooling rate of
3 K s−1 (Fig. 5.11). The CCT/CHT diagram of Pt42.5Cu27Ni9.5P21 and Pt60Cu16Co2-

FIGURE 5.11: Heat flow signal of Pt60Cu16Co2P22 (Tl=882 K) upon
cooling at various rates from 973 K. The exothermic shoulder before
the main crystallization peak is observed for all cooling rates. The on-
set of the pre-peak is marked with a downward arrow. Figure taken

from Ref. [230].

P22 are obtained by combining the onsets of crystallization upon continuous cooling
with the values of the onset temperature and the end temperature of the glass tran-
sition (Tonset

g and Tend
g ) as well as the onset of crystallization (Tx) upon heating the

glass as a function of the heating rate (Fig. 5.12). The onset temperature of the pri-
mary crystallization at a given cooling rate is represented by the open circles, and
the half-filled and filled circles correspond to the onset and peak temperature of the
main crystallization peak. At low temperatures, Tonset

g onset, Tend
g and Tonset

x are de-
picted as open, half-filled and filled squares. The vertical dashed lines in Fig. 5.12(a)
and (b) correspond to Rc, calculated according to Eq. 1.1. For the Pt42.5Cu27Ni9.5P21
alloy composition it is observed that the suppression of the primary phase at higher
cooling rates leads to a distinct increase in the achievable undercooling. At a cooling
rate of 3 K/s, only partial crystallization takes place. During subsequent heating of
the samples that were cooled at 3 K/s, 75% of the crystallization enthalpy of a fully
amorphous specimen is released [230]. This indicates that the actual Rc is close to the
calculated value of 2.5 K/s. However, for the Pt60Cu16Co2P22 liquid, the formation
of the primary phase cannot be avoided during the calorimetric cooling experiments
and the calculated Rc of 3.9 K/s needs to be exceeded by far to access the glassy state.

From the isothermal crystallization experiments, the TTT diagrams of Pt42.5Cu27-
Ni9.5P21 and Pt60Cu16Co2P22 are constructed (Fig. 5.13). The circles and squares
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FIGURE 5.12: Continuous heating and cooling transformation dia-
gram of (a) Pt42.5Cu27Ni9.5P21 and (b) Pt60Cu16Co2P22. The open cir-
cles represent the onset of the primary crystallization. The half-filled
and filled circles correspond to the onset and the peak minimum of
the main crystallization peak. In the low temperature regime Tonset

g

onset, Tend
g and Tonset

x are illustrated as open, half-filled and filled
squares. Prior to heating, samples were cooled from the supercooled
liquid state with the same rate as used upon heating. The shaded
areas represent the region where the liquid partially or fully crystal-
lizes. The dashed line corresponds to the critical cooling rate, calcu-
lated from the critical casting thickness (Eq. 1.1). Figure taken from

Ref. [230].

represent different degrees of crystallinity (1, 50, and 99%), obtained from the inte-
gration of the isothermal heat flow curves (see Fig. 5.9(b)). The solid line represents
the equilibrium line of the glass transition event which is calculated according to Eq.
2.44 using the Gτ−η of Pt42.5Cu27Ni9.5P21 and Pt60Cu16Co2P22, respectively. The tran-
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FIGURE 5.13: Time-temperature-transformation diagram of (a) Pt42.5-
Cu27Ni9.5P21 and (b) Pt60Cu16Co2P22. The open, half-filled and filled
circles and squares represent the times at which 1, 50 and 99% of the
crystallization is completed. In the case of Pt60Cu16Co2P22, the high
temperature data is divided into primary and main crystallization.
The open pentagons correspond to transition times obtained from
Tg-shift measurements (Fig. 5.6). The solid line reflects the equilib-
rium line at which the glass is isothermally relaxed into the super-
cooled liquid state calculated from the VFT parameter (Tab. 5.3). The
brighter and darker shaded areas represent different orders of mag-
nitude in the equilibrium viscosity (in Pa s) of the SCL. The dotted
line represents the fit to the open, the short-dashed line to the half-
filled and the dashed to the filled symbols using Eq. 2.43. The data
points of the main crystallization of Pt60Cu16Co2P22 are neglected for

the fitting. Figure taken from Ref. [230].
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sition times, obtained from Tg-shift measurements, are shown as open pentagons.
Within the SCL region, each shaded section represents one order of magnitude in
viscosity. The other lines are fits with Eq. 2.43 to the isothermal crystallization data
and discussed later in detail.

5.3 Compositional dependent and temperature-induced
structural evolution in Pt-P-based liquids

The total-scattering structure function S(Q) is shown upon heating an amorphous
as-cast sample of Pt42.5Cu27Ni9.5P21 at a heating rate rate of 0.333 K s−1 in Fig. 5.14.
The right panel in Fig. 5.14 displays a DSC scan performed at the same heating rate
serving as a temperature reference. Within the glassy and SCL state, the amorphous

FIGURE 5.14: Temperature-induced evolution of the total-scattering
structure function of Pt42.5Cu27Ni9.5P21. At the calorimetric crystal-
lization onset, broad Bragg peaks evolve, indicating the formation of

small crystals. Both samples were heated at 0.333 K s−1.

sample exhibits the typical broad diffraction patterns. This changes as soon as the
exothermic crystallization event is reached. At low temperatures, the crystallization
process is growth controlled, which leads to the formation of a plethora of small
crystals reflected by the arising broad Bragg-peaks. A significant feature of S(Q) of
Pt42.5Cu27Ni9.5P21 is the pre-peak at approximately 2.1 Å

−1
, preceding the first sharp

diffraction peak (FSDP) of the amorphous structure. The exception of this charac-
teristic becomes apparent when the total-scattering structure functions of different
Pt-P and Pd-P-based BMGs are compared (Fig. 5.15). Neither the other Pt-P-based
alloys, Pt57.3Cu14.6Ni5.3P22.8 and Pt60Cu16Co2P22, nor Pd43Cu27Ni10P20 exhibit such
a pronounced signature at low Q-values. Another feature that is most distinct for
the Pd-P-based alloy is the shoulder at the second peak in S(Q) at approximately
5.7 Å

−1
. The dependence of the two characteristics on the Pd to Pt ratio is depicted in

Fig. 5.16. With increasing Pt content, the pre-peak at low Q-values evolves whereas
the shoulder of the second diffraction peak diminishes. It should be noted that the
samples used for the diffraction experiments at 298 K where cut from plates of the



5.3. Compositional dependent and temperature-induced structural evolution in
Pt-P-based liquids

91

FIGURE 5.15: Total-scattering structure function of Pt42.5Cu27Ni9.5-
P21, Pt57.3Cu14.6Ni5.3P22.8, Pt60Cu16Co2P22 and Pd43Cu27Ni10P20 at
323 K. At low Q-values (∼2.1 Å

−1
) only Pt42.5Cu27Ni9.5P21 exhibits

a pre-peak. The shoulder at the second peak (5.7 Å
−1

) is most pro-
nounced for the Pd43Cu27Ni10P20 alloy composition.

same dimension. Therefore, the samples experienced comparable cooling rates and
the observed variation in S(Q) do not originate from differences in the thermal his-
tory. In Fig. 5.17, the temperature depended evolution of S(Q) of Pt42.5Cu27Ni9.5P21
and Pd43Cu27Ni10P20 is shown. In the low temperature regime, diffraction patterns
were collected during heating cylindrical samples at 0.333 K s−1. The total-scattering
structure functions at high temperatures, shown in red, were obtained in continuous
cooling experiments from 1153 K at 0.333 K s−1. The arrows indicate the evolution of
the peak maxima and minima with deceasing temperature. For both alloy composi-
tions, the peak intensities increase, and the peak width decreases which is attribute
on the one hand to a growing structural order and on the other hand to the de-
creasing atomic vibrations. The maximum of the FSDP shifts to higher values which
is, at least in the glassy state, connected to the volume expansion of the sample as
discussed in detail later. The opposing movement of the first and second diffrac-
tion peak with temperature results in a temperature invariant minimum position
in-between the two peaks as indicated by the vertical arrow. The insets in Fig. 5.17
magnify the low Q-region of S(Q) of Pt42.5Cu27Ni9.5P21 and Pd43Cu27Ni10P20. In the
case of Pt42.5Cu27Ni9.5P21, the pre-peak vanishes in the equilibrium liquid and gains
intensity upon undercooling the liquid. In contrast, the Pd43Cu27Ni10P20 liquid does
not exhibit a comparable feature at low Q-values. Instead, the shoulder at the second
diffraction peak evolves with decreasing temperature.
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FIGURE 5.16: (a) and (b) show the dependence of the pre-peak at

∼2.1 Å
−1

and the shoulder at ∼5.7 Å
−1

on the Pt to Pd ratio. With
increasing Pd concentration, the pre-peak in the low Q-range dimin-

ishes whereas the characteristic at 5.7 Å
−1

gets more pronounced. In
(a) and (b), S(Q) is normalized to the peak height of the first and
second sharp diffraction peak S(Q1) and S(Q2). The diffraction ex-
periments were conducted at 298 K. All samples experienced similar

cooling rates as they were cut from plates of the same dimension.

5.4 Discussion

5.4.1 Origin of the high glass-forming ability

The glass-forming ability of a liquid depends on the driving force for nucleation,
the atomic mobility and the interfacial energy between the liquid and the crystal.
All three quantities can be derived or estimated from the results described in the
previous sections.
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FIGURE 5.17: Total-scattering structure function of (a) Pt42.5Cu27-
Ni9.5P21 and (b) Pd43Cu27Ni10P20 as function of temperature. The
high temperature data (red) were collected upon cooling from 1153 K
and those at low temperatures (blue) upon heating from the glassy
state. The upper panels show the low Q-range and the insets magnify
the region where the pre-peak of Pt42.5Cu27Ni9.5P21 evolves with de-
creasing temperature. The lower panels show the oscillation of S(Q)
at high Q-values. The arrows illustrate the evolution of the peak max-

ima and minima with decreasing temperature.
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The Gibbs free energy difference between the liquid and the crystal for the Pt-P-
based alloy is calculated according to Eq. 2.4 and shown in comparison to that of
Pd-P-based alloys in Fig. 5.18. It is evident that the Pt-P-based liquids exhibit a sig-

FIGURE 5.18: Gibbs free energy difference between the supercooled
liquid and the crystal for Pt-P-based and Pd-P-based bulk glass-
forming liquids. Figure taken from Ref. [230]. Data is taken from

Refs. [67, 110, 148, 234, 235].

nificantly larger ∆Gl−x upon undercooling than the Pd-P-based alloys. This circum-
stance is also reflected by the large ∆S f of the Pt-P-based compositions, exceeding
that of Pd-P-based by a factor of two. Indeed, ∆Gl−x(T) of the Pd-P-based liquids
is among the lowest in BMG forming systems, whereas the course of ∆Gl−x(T) of
the Pt-P-based alloys rather resembles that of glass-forming liquids with a very lim-
ited GFA (Rc ∼ 250 - 1000 K s−1 [63]). The large ∆Gl−x(T) decreases the nucleation
barrier which affects Iv(T) and u(T) (Fig. 2.12), hampering the glass formation.

From a kinetic point of view, the fragility of a liquid influences the GFA. Experimen-
tal observations suggest that the stronger the liquid, the higher the GFA [18, 66, 236,
237]. This becomes apparent in Fig. 2.13 showing the effect of a varying fragility on
Iv(T), u(T) and the TTT diagram. The kinetically fragile behavior of the Pt-P-based
liquids is therefore detrimental for the GFA. The usage of the temperature depended
viscosity as input parameter in Eqs. 2.39 and 2.40 is based on the validity of the
Stokes-Einstein relation (Eq. 2.38). It should be noted that the relation hold over 14
orders of magnitude for the Pd atoms in the Pd43Cu27Ni10P20 liquid [113]. However,
a decoupling of the diffusivities of Pd and the smaller constituents is observed to
evolve below the critical temperature Tc of the mode coupling which is located in
the supercooled liquid region at 710 K [113]. In the Zr46.75Ti8.25Cu7.5Ni10Be27.5 liquid,
a decoupling of diffusities of the large and small atomic species occurs even above
Tl [238]. How this decoupling may effect the crystallization process is discussed by
Tanaka [108] (see Chapter 2.5.1).

As ∆Gl−x(T) and the kinetic fragile behavior point towards a low GFA in Pt-P-based
liquids, these two factors must be compensated by a high interfacial energy. γl−x
contributes to the power of three to the nucleation barrier and distinctly affects Iv(T)
as shown in Fig. 2.14. From the fitting of the isothermal crystallization data, γl−x for
the Pt42.5Cu27Ni9.5P21 alloy composition is derived. The fit to the open symbols (1%,
Fig. 5.13) yields a γl−x of 0.11 J m−2 (±6%2) and a pre-factor Av of 8.19× 1035 Pa m−3.

2The errors of the experimental input parameters (Tab. 5.1, 5.2 and 5.3) are combined in such a way
that a maximum deviation in both directions from the original curve is achieved. In the case of ∆H f ,
3σ (=±0.9 kJ/g-atom) is used.
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The fitting parameter of the fits to the 50 and 99% data points can be found in Tab.
5.4. In order to compare the value of γl−x of Pt42.5Cu27Ni9.5P21 to that of the compo-
sitional related Pd43Cu27Ni10P20 alloy, the crystallization data in Ref. [147] are fitted
(Fig. 5.19) using the kinetic parameter listed in Tab. 5.3. The fitting process yields
a γl−x of 0.068 J m−2 and an Av of 2.49× 1039 Pa m−3. The value of γl−x is smaller
than the value originally derived by Schroers et al. (0.079 J m−2 [147]), however it
is in good agreement with the results for the Pd40Cu30Ni10P20 alloy composition ob-
tained by Löffler et al., who derived a value of 0.067 J m−2 from isothermal crystal-
lization experiments [234]. Therewith, γl−x in Pt42.5Cu27Ni9.5P21 is 60% larger than

FIGURE 5.19: Time-temperature-transformation diagram of Pd43-
Cu27Ni10P20. The open squares refer to the onset time for crystal-
lization. The data points at high temperatures indicate a change of
the crystallization mechanism and are omitted in the fitting process.
The dotted line represents the fit to the experimental low temperature
data points. The crystallization data are taken from Ref. [147]. The
solid line reflects the equilibrium line at which the glass is isother-
mally relaxed into the supercooled liquid state calculated from the
VFT parameter (Tab. 5.3, Gτ−η=1.66× 108 Pa) and the open pen-
tagons correspond to transition times obtained from Tg-shift mea-
surements. The brighter and darker shaded areas represent different
orders of magnitude in the equilibrium viscosity (in Pa s) of the SCL.

that in Pd43Cu27Ni10P20, emphasizing that γl−x plays a decisive role for the GFA in
Pt-P-based alloys. Legg et al. derived a γl−x of 0.086 J m−2 for the Pt57.3Cu14.6Ni5.3-
P22.8 alloy composition by comparing isothermal heat flow curves with the JMAK
model. The fitting of the experimental data of Au49Ag5.5Pd2.3Cu26.9Si16.3

3 obtained
by Pogatscher et al. [159] (Fig. 2.20), yielding a γl−x of 0.039 J m−2, reveals that the
entire range of γl−x values is observed in precious metal based BMG forming liq-
uids. The Zr-based alloys, Zr41.2Ti13.8Cu12.5Ni10Be22.5 and Zr60Co30Al10 exhibit low
γl−x values of 0.04 and 0.014 J m−2, respectively [111, 241].

3For the fitting procedure, ∆H f and Tl are taken from Ref. [210]. Specific heat capacity data is taken
from Ref. [239] and the values of D∗ (=9.4) and T0(=308.5 K) are based on unpublished data combining
high- and low-temperature data, however similar to the values in Ref. [240]
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TABLE 5.4: Values of the interfacial energy γl−x and the pre-factor Av
obtained from the fitting of the isothermal crystallization data. The
term crystallinity refers to the time at which 1, 50, and 99% of the total
enthalpy at a certain holding temperature is released (see Fig. 5.9(b)).
The crystallization data of Pd43Cu27Ni10P20 are labeled as onset time
in Refs. [104, 147] and are therefore assumed to correspond to 1%

crystallinity.

composition crystallinity γl−x Av
% J/m-2 Pa/m-3

Pt42.5Cu27Ni9.5P21 1 0.1094 8.19×1035

Pt42.5Cu27Ni9.5P21 50 0.1079 1.31×1036

Pt42.5Cu27Ni9.5P21 99 0.1057 4.25×1034

Pd43Cu27Ni10P20 1 0.0680 2.49×1039

For the Pt60Cu16Co2P22 liquid, the fitting of the crystallization data, shown in Fig.
5.13(b) yields a γl−x of 0.067 J m−2. However, the minimum waiting time for crystal
formation τ∗X is located at 0.008 s, which is an unreasonable value for an alloy com-
position possessing a dc of 16 mm. Using Eq. 2.46 it is estimated that τ∗X should be
located at 4.8 s, which is 2.5 orders of magnitude larger than the value derived from
the fitting process. In the case of the Pt42.5Cu27Ni9.5P21 liquid, the calculated τ∗X is
∼8.5 s which agrees well with the experimentally determined value of 5.7 s (±14%).
It can also be seen in the CCT/CHT diagrams in Fig. 5.12(b) that the calculated Rc
for Pt60Cu16Co2P22 does not coincide with continuous cooling experiments. In con-
trast, Rc of Pt42.5Cu27Ni9.5P21 (2.5 K s−1), calculated from Eq. 1.1, is close to the value
estimated from Fig. 5.12(a). As 75% of the sample are amorphous at a cooling rate of
3 K s−1, the experimental Rc is slightly above 3 K s−1. The discrepancy between the
results obtained from the crystallization experiments of Pt42.5Cu27Ni9.5P21 and Pt60-
Cu16Co2P22 might be traced back to the fact that the experimental conditions do not
allow the suppression of the primary phase. In Zr-based alloys it is observed that
liquids require a minimum overheating level of several hundreds of Kelvin in order
to obtain the maximum GFA [242]. Hence, the restricted overheating due to the lim-
itation of the DSC might be an explanation for the recurring crystallization of the
primary phase. On the other hand, dc was evaluated in a quenching process where
the conditions differ from that prevailing in the DSC experiment. Therefore, the con-
ditions in the DSC experiment (e.g. crucible material, amount of B2O3, constant gas
flow) may have facilitated the formation of the primary phase. The continuous and
isothermal crystallization experiments performed on Pt60Cu16Co2P22 seem to be less
representative in reflecting the GFA of the alloy, as they suggest a much smaller dc
than reported in literature.

Moreover, it should be noted that JMAK equation is based on several assumptions
(see Chapter 2). It is assumed that Iv(T) and u(T) are independent of time. Exper-
iments by Schroers et al. on the Pd43Cu27Ni10P20 have shown that transient nucle-
ation does not play a role on the time scales under investigation [147]. Although the
requirement of a polymorphic crystallization is not fulfilled in bulk glass-forming
liquids, the theory is commonly able to model the crystallization behavior of such
liquids [111, 147, 148, 230, 234]. One might speculate that the observed avalanche-
like crystallization at high temperatures, initiated by a local composition fluctua-
tion through the formation of a single supercritical nucleus [147], requires a limited
amount of long-range diffusion.
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The available data for different BMG forming liquids on the driving force for crystal-
lization (approximated by Gibbs free energy difference between the liquid and the
crystal), the kinetic fragility and the interfacial energy are summarized in Fig. 5.20.
The plot visualizes that Pt-P-based alloy exhibit extremely high interfacial energies,

FIGURE 5.20: Comparison of the kinetic fragility, the driving force
for crystallization, approximated by the entropy of fusion, and the
interfacial energy of different BMG forming liquids. Data of the
Pt-P-based alloys are taken from Refs. [15, 67, 75, 148, 230], for
the Pd-P-based alloys from Refs. [110, 234, 237], and for the
Zr41.2Ti13.8Cu12.5Ni10Be22.5 alloy composition from Refs. [110, 111,
212, 237]. For the Au49Ag5.5Pd2.3Cu26.9Si16.3 liquid, the thermody-
namic values and the critical casting thickness dc are taken from Refs.
[199, 210]. The D∗ value of Au49Ag5.5Pd2.3Cu26.9Si16.3 is marked (∗),
as the alloy undergoes a fragile to strong transition [240]. The data
point refers to the fragile modification of the liquid. The grayish areas
indicate the parameter range facilitating bulk glass formation. The
threshold values are arbitrarily set and do not have a physical mean-

ing.

when compared to other BMG forming liquids. Apparently, the large values of the
interfacial energies (over)compensates the other two contributions, namely a much
larger driving forces combined with a kinetically more fragile behavior. The Pd-P-
based alloys are rather stabilized by their low driving force for crystallization, but
simultaneously exhibit a relatively high interfacial energy. The combination of the
two properties is surprising as the interfacial energy is proportional to the entropy
of fusion (Eq. 2.45). However, it explains the outstanding high GFA of the Pd-P-
based liquids. The Zr41.2Ti13.8Cu12.5Ni10Be22.5 alloy composition can be considered
as thermodynamically and kinetically stabilized as it possess a low driving force
and high viscosities in the SCL region, resulting in a dc of 50 mm [237]. In contrast,
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the alloy with the lowest GFA, Au49Ag5.5Pd2.3Cu26.9Si16.3, only exhibits a low driv-
ing force. However, the effect of the fragile to strong transition that is observed in
the deeply supercooled liquid of melt spun ribbons [240] on the GFA is unknown.
The structural changes in the liquid that are associated with a changing fragility
probably vary the driving force for crystallization and the interfacial energy. A frag-
ile to strong transition is also observed in Zr41.2Ti13.8Cu12.5Ni10Be22.5 in vicinity of
Tl [243, 244]. The observed hysteresis in viscosity data [243] might indicate a first
order transition [244], making the transition cooling rate depended. A similar tran-
sition is observed in Vit106a in the supercooled liquid region [86] and its existence
is suggested for different Fe-based liquids [40, 41]. Although the interfacial energy
of Fe- and Mg-based BMG forming liquids has not been evaluated yet, the strong
dependence of dc on the kinetic fragility, derived from low temperature viscosity
measurements, suggests that these alloys are kinetically stabilized [21, 66]. Based on
currently available data, BMG forming liquids can be divided into two classes with
smooth transitions:

1. Kinetically stabilized (e.g. Zr-based [245], Fe-based [40, 66], Mg-based [21, 65,
246], strong kinetic behavior).

2. Thermodynamically stabilized:

(a) Driving force stabilized (Pd-based [110, 247], Zr-based [63], low driving
force for crystallization).

(b) Interfacial energy stabilized [148, 230] (Pt-based, high energy barrier).

This classification of the BMG forming liquid is visualized in Fig. 5.21. The outer
circle separates BMG forming liquids in kinetically (blue) and thermodynamically
stabilized (yellow). The inner circle contains a number of BMG forming liquids the
GFA of which originates from sluggish kinetics, a low driving force or a high inter-
facial energy (middle circle).

5.4.2 Differences between Pt- and Pd-P-based alloys and the role of short-
and medium-range order

The compositional similarities, the interchangeability of Pt and Pd and the compara-
ble kinetic fragility suggest a close connection between Pt-P- and Pd-P-based alloys.
However, the previous discussion on the origin of the GFA indicates that funda-
mental differences between the two alloy classes must exist. The differences in the
crystal growth rate (one order of magnitude, Fig. 5.22(a)) mainly results from the dif-
ferent Gibbs free energy difference between the liquid and the crystal, whereas the
high interfacial energy of Pt42.5Cu27Ni9.5P21 reduces the difference in the nucleation
rate to approximately two orders of magnitude. The combination of a lower growth
and nucleation rate yields a minimum isothermal crystallization time of 128.5 s for
Pd43Cu27Ni10P20 in comparison to 5.7 s for Pt42.5Cu27Ni9.5P21 (Fig. 5.22(b)). The in-
terfacial energy and the entropy of fusion, representing the driving force for crys-
tallization, are properties that are not exclusively attributed to the liquid phase as
they depend on the competing crystals. However, the large variation in ∆S f be-
tween Pd43Cu27Ni10P20 (∆S f = 5.8 J g-atom-1 K-1) and Pt42.5Cu27Ni9.5P21 (∆S f = 12
J g-atom-1 K-1) is most probably not solely traced back to different entropic states
of the crystalline mixtures. It rather suggests that the two liquids possess different
structural states at Tl . This working hypothesis draws the picture of a rather disor-
dered Pt42.5Cu27Ni9.5P21 liquid and a Pd43Cu27Ni10P20 liquid the structure of which
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FIGURE 5.21: Schematic illustration of the origin of the glass-forming
ability of different bulk metallic glass-forming systems. The thermo-
dynamically stabilized liquids can be separated in driving force and
interfacial energy stabilized. Kinetically stabilized alloys feature slug-
gish kinetics represented by a large D∗ value. Figure taken from Ref.

[230].

might already involve a certain degree of SRO in the equilibrium liquid. The en-
tropic surplus of the Pt-P-based liquids is reduced upon cooling through a rapidly
ascending specific heat capacity of the liquid which might point towards an active
ordering process (Fig. 5.23). In contrast, the kinetically fragile Pd-P-based liquids
only show a moderate increase in the specific heat capacity upon cooling towards
the glass transition (Fig. 5.23). This behavior is usually attributed to kinetically
strong BMG forming liquids as the associated viscosity also changes less rapidly
(see Chapter 2).

Indeed, the different characteristics observed in the S(Q) curves of the Pt-P- and Pd-
P-based alloys in Fig. 5.15 indicate a varying atomic structure in the alloys. On the
one hand, only the Pd43Cu27Ni10P20 alloy composition exhibits a pronounced shoul-
der towards higher Q-values at the second diffraction peak. Such a signature has
been attributed to an icosahedral SRO. In the case of perfect icosahedral SRO, the
ratio between the first two peak positions q2/q1 and the ratio between the first peak
position and the location of the shoulder qshoulder/q1 is 1.71 and 2.04 [164, 248]. The
ratios for the Pd43Cu27Ni10P20 alloy composition, q2/q1=1.71 and qshoulder/q1=1.96,
are in good agreement with the expected values4. The small deviation indicates a

4The location of the shoulder is determined by fitting using two Gaussian functions.
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FIGURE 5.22: Comparison of the nucleation rate, growth rate (a) and
crystallization time (b) of the Pt42.5Cu27Ni9.5P21 and the Pd43Cu27-
Ni10P20 alloy composition. Data points of the isothermal crystalliza-

tion experiments are shown in Figs. 5.13(a) and 5.19.

little distortion of the icosahedral SRO [164]. In the Pd40Ni40P20 liquid, Ni-centered
icosahedra coexisting with P-centered tricapped trigonal prisms (TTP) are observed
as representative structural units [249], supporting the picture of an at least partially
icosahedral SRO in Pd43Cu27Ni10P20. This agrees with the results obtained by Park
et al., who determined a coordination number (CN, number of nearest neighbors)
of 11.4 in Pd40Ni40P20 and 12.6 in Pd40Cu30Ni10P20 around Ni atoms [250]. Further-
more, they found that the substitution of Ni by Cu results in a bifurcation of the P
environment into a Pd-Ni-P (TTP) and a Pd-Cu-P environment (tetragonal dodec-
ahedron) [250]. The observation might be coupled to a critical Cu concentration
beyond which the packing scheme changes from a simple substitution of Ni by Cu
to the formation of a new structural unit [173].

On the other hand, only the Pt42.5Cu27Ni9.5P21 alloy composition exhibits a pro-
nounced pre-peak at low Q-values. As argued by Ma et al., the FSDP in S(Q) al-
ready contains information on the medium range order (MRO) in the liquid [251].
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FIGURE 5.23: Specific heat capacity of the liquid normalized to the
value at Tl as a function of the T∗g -scaled temperature. The specific
heat capacity in the liquid state increases more rapidly for the Pt-P-
based bulk glass-forming liquids. Data taken from Refs. [67, 110, 148,

234]. Figure taken from Ref. [230].

Therefore, the characteristic of a pre-peak which is observed in different metallic
glasses is attributed to a distinctly pronounced MRO [252–258]. As the S(Q) of
Pt42.5Cu27Ni9.5P21 is dominated by the Pt-Pt and the Pt-Cu partial scattering func-
tion (Fig. 3.6), the pre-peak arises most probably from Pt-Pt or Pt-Cu correlations.
For the other Pt-P-based alloys, no pre-peak is observed. This might be caused by
the greater weighting of the Pt-Pt partial S(Q) due to the increasing Pt concentration
making the Pt-Cu correlations less significant. Another possibility is that the MRO
in Pt42.5Cu27Ni9.5P21 results from Pt-Pt correlations as the Pt atoms are on average
more often separated by a distance larger than the first coordination shell, caused by
the large amount of Cu, Ni and P atoms. Upon increasing the Pt concentration, the Pt
atoms are less diluted and they are more frequently nearest neighbors to themselves
reducing the significance of the MRO. In the Zr80Pt20 liquid, the pre-peak at low Q-
values is found to arise from Pt-Pt correlations [259] and its magnitude rises as the Pt
content is increased to 27 at% [253]. The origin of the MRO is the spatial arrangement
of the Pt-centered, icosahedral clusters [259]. As the Pt concentration in Pt42.5Cu27-
Ni9.5P21 is higher and the atomic size of Ni, Cu and P is smaller than that of Zr, a
corresponding number of Pt-Pt nearest neighbors should exist and the MRO might
rather result from the spatial organization of interconnected, extended clusters or
string-like connections [87]. The existence of a distinct MRO in Pt42.5Cu27Ni9.5P21
might also explain the compositional dependence of the kinetic fragility parame-
ter. Consequently, the kinetically stronger behavior of Pt42.5Cu27Ni9.5P21(D∗=15.3) in
comparison to Pt57.3Cu14.6Ni5.3P22.8 (D∗=13.6) and Pt60Cu16Co2P22 (D∗=11.8) would
result from the lower Pt-content giving rise to a more distinct MRO and the low Q
pre-peak.

Although compositionally related, the Pd43Cu27Ni10P20 liquid does not exhibit a pre-
peak. Mauro et al. noticed that the pre-peak in Zr-Pt vanishes if Pt is replaced by
Pd [260]. As the pre-peak in these systems result from noble metal - noble metal
correlations, the lower atomic form factor of Pd in comparison to Pt might reduce
the detectability of the pre-peak [260]. However, the dominant partial-scattering
structure functions in Pd43Cu27Ni10P20 are those of Pd-Pd and Pd-Cu, equivalent to
Pt-Pt and Pt-Cu in Pt42.5Cu27Ni9.5P21. The varying extent of the pre-peak and the
shoulder at the second diffraction peak upon substituting Pt by Pd (Fig. 5.16) rather
suggest that the local representative structural units and their spatial arrangements
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in Pt42.5Cu27Ni9.5P21 and Pd43Cu27Ni10P20 are different.

Upon heating the samples above the liquidus temperature, the pre-peak vanishes
and the shoulder becomes less pronounced (Fig. 5.17). In many metallic liquids it is
well known that icosahedral SRO prevails, even above Tl , and gets more pronounce
upon approaching Tg [79–81, 261]. Moreover, the disappearance of the pre-peak in
Pt42.5Cu27Ni9.5P21 in the equilibrium liquid in combination with the large ∆S f and
the rapidly decreasing Cl

p upon heating suggest a pronounced reduction or the entire
dissolution of the MRO. It should be noted that the vanishing pre-peak might also
result from the increasing atomic vibrations upon increasing temperature, dimin-
ishing the peak intensity [190]. However, it has been observed in different metallic
liquids that the pre-peak remains visible even hundreds of Kelvin above Tl [255, 259]
supporting the idea of the dissolution of atomic order.

Using Eq. 3.26, the total-scattering structure functions can be transformed into the
reduced pair distribution function G(r). The temperature-induced evolution of G(r)
of Pt42.5Cu27Ni9.5P21 and Pd43Cu27Ni10P20 are shown in Fig. 5.24. The arrows indi-
cate the shifts of the peak maxima and minima with decreasing temperature. The
shift of the first peak position in G(r), reflecting the weighted, average nearest neigh-
bor distance, towards higher r values with decreasing temperature is commonly ob-
served in metallic liquids [262, 263] and might be attributed to an increasing coor-
dination number [262, 263]. However, Ding et al. noticed that the anomalous peak
shift does not necessitate a changing coordination number as it may result from the
increasing asymmetry of the peak shape which is a consequence of the anharmonic
nature of the interatomic interaction potential [264]. If the skewness is considered,
the mean bond length is found to increases with increasing temperature [265].

The first peak position of G(r) at 298 K for the for Pd43Cu27Ni10P20 and the Pt42.5-
Cu27Ni9.5P21 alloy composition is located at approximately 2.77 and 2.79 Å. As G(r)
is dominated by the Pt-Pt and Pd-Pd partial reduced pair distribution functions, the
first peak position represents in a first approximation the distance of two Pt and two
Pd atoms, possessing an atomic radius of 1.39 Å and 1.40 Å [170]. The most apparent
difference in G(r) of Pt42.5Cu27Ni9.5P21 and Pd43Cu27Ni10P20 is found at the second
peak, reflecting the distances in the second nearest neighbor shell (schematically
shown in Fig. 5.25(a)). In both cases a sharpening and a splitting with decreas-
ing temperature is observed. The insets in Fig. 5.24, magnifying the temperature-
induced evolution of the second peak, show that two peak maxima evolve for the
Pt42.5Cu27Ni9.5P21 liquid, whereas a single maximum with a shoulder on the high r
side forms for the Pd43Cu27Ni10P20 alloy composition. A similar splitting of the sec-
ond peak has been observed in different metallic liquids [82, 266, 267]. Simulations
suggest that the peak splitting arises from the uneven distribution of different types
of cluster connections (see Fig. 5.25) [82]. The atomic packing motifs may share one,
two, three and four atoms [82] and the most probable position of the second near-
est neighbor for each cluster connection scheme can be calculated from the average
bond length as 2r1 (1-atom connection),

√
3r1 (2-atom connection),

√
8/3r1 (3-atom

connection) and
√

2r1 (4-atom connection) [82, 268]. As value for r1, the first peak
position of the reduced pair distribution function is chosen, mainly representing the
noble metal - noble metal correlations. The obtained positions for the second nearest
neighbor are depicted as vertical dashed lines in the inset in Fig. 5.24. It should be
noted that the second nearest neighbor distance in multicomponent liquids is also
affected by the number of small atom in the first coordination shell that may be in-
volved in the cluster connections influencing the appearance of the second peak.
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FIGURE 5.24: Reduced pair distribution function of (a) Pt42.5Cu27-
Ni9.5P21 and (b) Pd43Cu27Ni10P20 as a function of temperature. The
high temperature data (red) were collected upon cooling from 1153 K
and those at low temperatures (blue) upon heating from the glassy
state. The arrows indicate the evolution of the peak maxima and
minima with decreasing temperature. The vertical lines marked as
r3 and r4 indicate the third and fourth peak position that is used to
calculate the structural fragility parameter. The insets magnify the
second peak, corresponding to the second nearest neighbor distances.
The vertical lines in the inset mark the most probable second nearest
neighbor distances if adjacent clusters share one, two, three or four

atoms calculated from the first peak position.
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FIGURE 5.25: (a) Schematic illustration of the second nearest neigh-
bor distance (red arrow). The second nearest neighbor atom is also a
central atom of another cluster. The central atoms may share one to
four nearest neighbor atoms ((b), 1-atom, 2-atom, 3-atom and 4-atom)
which affects the distance between the two central atoms (second
nearest neighbor distance). The distribution of connection schemes
influences the shape of the second peak in the reduce pair distribu-

tion function. Figure taken from Ref. [82].

The compositional variation of G(r) on the Pt-Pd axis is shown in Fig. 5.26. The
calculated second nearest neighbor positions indicate that the distribution of con-
nection schemes in the Pd-P- and the Pt-P-based alloys varies. In the Pd-P-based
liquid, the peak at approximately 4.5 Å seems to result from central atoms whose
clusters are connected via face sharing (3-atom connection). As can be seen in Fig.
5.26, face sharing appears to become less dominant as Pd is replace by Pt. Instead
the 1-atom and 2-atom connection schemes gain importance. The evolving pre-peak
at approximately 3.9 Å suggests that even the 4-atom connection scheme is facili-
tated by the replacement of Pd. Although these connection schemes are thought to
already exist in the high temperature liquid and the peak splitting is smeared out
by the thermal vibrations, the structural ordering occurring during cooling also af-
fects the distribution of the connection schemes [82]. Therefore, the sharpening of
the features of the second peak observed in Fig. 5.24 are on the one hand attributed
to the decreasing atomic vibrations and on the other hand to the growing portion
of certain connection schemes at the expense of others [82]. In the case of Pd43-
Cu27Ni10P20, the 3-atom connections seem to prevail, and its fraction increases upon
cooling whereas the structural data of Pt42.5Cu27Ni9.5P21 suggest a larger diversity of
connection schemes. As shown in Fig. 5.27 the splitting of the second peak in G(r)
only becomes apparent if the maximum Q-range (Qmax) for the Fourier transforma-
tion of S(Q) is beyond 12 Å

−1
. In contrast, the third and fourth peak remain rather

unaffected if Qmax is varied between 10.5 and 16 Å
−1

.
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FIGURE 5.26: Compositional variation of G(r) of Pt/Pd-P-based
glasses at 298 K. The inset magnifies the second peak corresponding
to the second nearest neighbor distances. The grey areas in the inset
mark the most probable second nearest neighbor distances if adjacent
clusters share one, two, three or four atoms calculated from the first

peak positions.

The relevance of MRO for the kinetic fragility of BMG forming liquids has been
shown by Wei et al. [85]. The experiments revealed that the temperature-induced
change in the third and fourth peak position upon heating the supercooled liquid
correlate with the kinetic fragility if they are interpreted in a first approximation as
a volume dilatation of the third and fourth coordination shell (Eq. 2.25) [85]. The
peak positions r3 and r4 are indicated in Fig. 5.24 and correspond to inter-cluster
correlations on the length scale of approximately 3 - 4 atomic diameters represent-
ing MRO [85, 86]. The structural evolution on this length scale is shown for the three
Pt-P-based alloys and the Pd43Cu27Ni10P20 alloy composition in Fig. 5.28(a). Figure
5.28(b) depicts the correlation between the structural and kinetic fragility parameter.
The structural fragility parameter (mV4−3

str ) is obtained from linear fitting of the data
shown in Fig. 5.28(a). In the Pt-P-based systems, it is found that the more fragile liq-
uids exhibit a more pronounced volume dilatation on the MRO length scale, which is
in accordance to what is observed in the kinetically strong Au- and Zr-based liquids.
The structural evolution upon heating Pt-P-based supercooled liquids substantiates
the connection between MRO and the kinetic fragility as already indicated by the
formation of the pre-peak in Pt42.5Cu27Ni9.5P21. The behavior of the Pd43Cu27Ni10-
P20 liquid is in stark contrast to that of the Pt-P-based liquids. Although kinetically
fragile, the liquid basically exhibits no dilatation on the MRO length scale, which
resembles the kinetically strong Zr-based alloys (Fig. 5.28(b)). Such an anomaly has
already been observed in the thermodynamic properties of Pd43Cu27Ni10P20 which
exhibit an extremely shallowly ascending Cl

p upon cooling, usually attributed to a
kinetically strong behavior (Fig. 5.23). The different behavior on the MRO length
scale might be a consequence of the varying distribution of cluster connections.

In order to investigate the structural evolution on the MRO length scale at high tem-
peratures, the structural data collected upon heating and cooling the equilibrium
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FIGURE 5.27: Influence of Qmax used for the Fourier transformation
of S(Q) on G(r) of Pt42.5Cu27Ni9.5P21.

liquid in the ceramic furnace are used to determine mV4−3
str (Eq. 2.26). Figure 5.29

shows the data points obtained for Pt42.5Cu27Ni9.5P21. At low temperatures, a mV4−3
str

of 0.049± 0.005 is obtained which is in good agreement with the value derived from
the data points measured in the Linkam furnace (0.046). The reproducibility of the
structural parameter speaks for the robustness of the data collection and data han-
dling process. The values of the structural fragility parameter of the Pt-P-based and
Pd-P-based liquids obtained in different experimental setups are listed in Tab. 5.5. In
the high temperature region, the Pt42.5Cu27Ni9.5P21 liquid exhibits a slightly higher
mV4−3

str . However, the value derived from the data points that were collected upon
heating is less representative as they cover a much smaller temperature interval.
Upon cooling, a considerable undercooling is achieved and the fitting procedure
yields a value of mV4−3

str = 0.081± 0.003 which suggests a slightly more fragile be-
havior at high temperatures. The high and low temperature data can also be well
described by a fit combining both data sets, yielding a mV4−3

str of 0.069 ± 0.002. This
indicates that, if at all, a minor change in the liquid fragility may occur upon cooling
and that structural changes on the MRO length scale play a pivotal role in the entire
temperature range of the liquid. For the Pd43Cu27Ni10P20 liquid, a different picture
emerges as shown in Fig. 5.30. The extremely low mV4−3

str in the deeply supercooled
liquid region is contrasted with a high value of 0.099 ± 0.003 obtained upon cooling
from 1153 K, suggesting that significant changes on the MRO length scale occur.

A similar behavior is observed for the Vit106a alloy composition [86] possessing
a high temperature fragile and a low temperature strong liquid modification [39].
Such a transition is known as fragile-to-strong transition and appears for example in
the Vit1 BMG forming liquid as rapid change in the viscosity in a small temperature
interval [243] concomitantly with a peak in Cl

p [244]. The structural metric that is
found to indicate a fragile-to-strong transition is the peak position of the FSDP, Q1.
In Zr- and Au-based BMG forming liquids, Q1(T) exhibits a step-like change that
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FIGURE 5.28: (a) Temperature-induced structural evolution on the
MRO length scale. ε4−3 might be regarded as the volume change be-
tween the third and fourth coordination shell normalized by its vol-
ume at T

′
g. (b) Correlation between the structural fragility parameter

mV4−3
str and kinetic fragility index m. Grey symbols represent Au- and

Zr-based BMGs. The solid line is used to guide the eye. All samples
were measured in a Linkham furnace. Data, except that of Pd43Cu27-
Ni10P20, are taken from Refs. [67, 85]. Figure adapted from Ref. [67].

TABLE 5.5: Structural fragility parameter mV4−3
str of Pt/Pd-P-based

alloys obtained upon heating (H) the low temperature supercooled
liquid (SCL) or upon heating and cooling (C) the equilibrium liquid
(EL). The experiments were conducted in a Linkam furnace (LF) or in
a ceramic heater (CH). T

′
g denotes the onset of the supercooled liquid

in the structure data. Values marked with a and b are taken from Refs.
[85] and [67], respectively.

composition furnace temperature interval mV4−3
str T

′
g (K)

Pt42.5Cu27Ni9.5P21 LF SCL, H 0.0455a 531a

Pt42.5Cu27Ni9.5P21 CH SCL, H 0.049 ± 0.005 527
Pt42.5Cu27Ni9.5P21 CH EL, H 0.116 ± 0.011 527
Pt42.5Cu27Ni9.5P21 CH EL, C 0.081 ± 0.003 527
Pd43Cu27Ni10P20 LF SCL, H 0.003 ± 0.001 588
Pd43Cu27Ni10P20 CH SCL, H 0.009 ± 0.006 596
Pd43Cu27Ni10P20 CH EL, H 0.104 ± 0.002 596
Pd43Cu27Ni10P20 CH EL, C 0.099± 0.003 596

Pt57.3Cu14.6Ni5.3P22.8 LF SCL, H 0.076± 0.005b 517b

Pt60Cu16Co2P22 LF SCL, H 0.0936a 520a

is attributed to structural modifications in the liquid state [86, 240, 244]. Q1(T) of
the Pt42.5Cu27Ni9.5P21 and the Pd43Cu27Ni10P20 liquid are shown in Fig. 5.31. Inter-
estingly, Pd43Cu27Ni10P20 exhibits a continuously decreasing Q1, that neither shows
a significant change in slope nor a step-like change. In contrast to the Pt42.5Cu27-
Ni9.5P21 alloy composition, the glass transition and the supercooled liquid region of
Pd43Cu27Ni10P20 cannot be distinguished from the glassy state in Q1(T). This be-
havior has already been observed in the Pd40Cu30Ni10P20 alloy composition [269].
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FIGURE 5.29: Temperature-induced structural evolution on the MRO
length scale in Pt42.5Cu27Ni9.5P21 upon heating the deeply super-
cooled liquid and upon heating and cooling the high temperature
liquid. The sample was processed in a ceramic heater in SiO2 cap-

illaries.

According to Yavari et al., Q1(T) is related to the volume coefficient of thermal ex-
pansion γth via (

Q1(Tre f )

Q1(T)

)3

=
V(T)

V(Tre f )
= 1 + γth(T − Tre f ), (5.1)

where V is the volume and Tre f is an arbitrary temperature in the glassy state [270].
For the Pd40Cu30Ni10P20 alloy composition, this correlation was found to hold in the
glassy state [270] whereas in other metallic glasses a deviation from the exponent
three was observed [271]. Investigations of Mattern et al. revealed that the correla-
tion to the volumetric expansion collapses in the SCL state [272]. Hence, the differ-
ence observed in Q1(T) of Pt42.5Cu27Ni9.5P21 and Pd43Cu27Ni10P20 can most proba-
bly not be traced back to a varying thermal expansion in the SCL and equilibrium
liquid state. Although the structural fragility parameter at high and low tempera-
tures suggest a changing fragility in Pd43Cu27Ni10P20, Q1(T) does not indicate such
a first order transition [244]. The structural metric Q1(T) rather suggest a continuous
ordering process upon cooling in both liquids that accelerates in Pt42.5Cu27Ni9.5P21
as the glass transition is approached, coinciding with the more rapidly ascending
specific heat capacity. Moreover, the total-scattering structure functions and the re-
duced pair distribution functions of Pt42.5Cu27Ni9.5P21 and Pd43Cu27Ni10P20 suggest
different ordering processes occurring on different length scales. It should be noted
that a second amorphous phase has been observed in the hypoeutectic region of the
ternary Pd-Ni-P system indicated by an exothermic event in the supercooled liquid
region upon heating [273].
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FIGURE 5.30: Temperature-induced structural evolution on the MRO
length scale in Pd43Cu27Ni10P20 upon heating the deeply supercooled
liquid and upon heating and cooling the high temperature liquid. The

sample was processed in a ceramic heater in SiO2 capillaries.

At this point, the connection between structural changes occurring upon cooling and
the kinetic fragility appears to be more complex and cannot be explained by a single
parameter or length scale. Although the kinetic fragility in Pt-P-based BMG form-
ing liquids seems to be strongly effected by MRO, the length scales involved in the
viscous slowdown in Pd-P-based liquids apparently vary. The structural differences
between both alloy families result in distinctly different macroscopic properties. Ku-
mar et al. noticed that Pd43Cu27Ni10P20 is extremely sensitive to relaxation induced
embrittlement whereas the ductility of Pt57.3Cu14.6Ni5.3P22.8 is maintained even in
the highly relaxed state [176]. This effect is attributed to a significantly varying criti-
cal fictive temperature Tcrit

f ictive below which the embrittlement occurs. The differences
between the two systems is visualized in the TTT diagrams in Fig. 5.32. Glasses pos-
sessing a Tf ictive below Tcrit

f ictive behave brittle in bending. Tf ictive of a glass can either
be lowered by annealing or by reducing the cooling rate (by increasing the casting
thickness). In the case of the Pt-P-based alloy, Tcrit

f ictive is located at such low tempera-
tures that samples vitrified in a casting process are always ductile (Re >> Rc, where
Re is critical cooling rate for embrittlement). On the other hand, the Tcrit

f ictive in Pd43-
Cu27Ni10P20 is found at much higher temperatures and a brittle glass vitrifies if the
cooling rate is in-between Re and Rc. As the sensitivity to embrittlement decreases
when Pd is partially replaced by Pt [224], the value of Tcrit

f ictive is probably connected to
the structural changes observed in Fig. 5.16 and 5.26. Interestingly, the simulations
of Ding et al. showed that clusters with 2- and 4-atom connections reacted more
flexible on shear strain and their local deformation exceeds that of the macroscopic
strain [82]. Clusters that connect via 1-atom experience an almost identical strain as
microscopically applied. In contrast, the local strain of clusters with 3-atom connec-
tions is the smallest and remains under the microscopically imposed shear strain. In
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FIGURE 5.31: Peak position of the FSDP of (a) Pd43Cu27Ni10P20 and
(b) Pt42.5Cu27Ni9.5P21 normalized to its value at 323 K as function of
temperature. The orange squares are obtained from a sample that
was heated in a Linkam furnace and the open circles from a sample
heated in the ceramic furnace. The high temperature data are shown

upon heating (red) and upon cooling (blue).

other words, the 3-atom connections are stiffer than the other connection schemes.
Hence, the high Tcrit

f ictive might originate from the fact that the stiff 3-atom connections
prevail in Pd43Cu27Ni10P20. One might speculate that their portion exceeds a critical
value if the glass is annealed for a certain time or the cooling rate falls below Re. On
the other hand, the larger diversity of connection schemes in Pt-P-based alloys guar-
antees a ductile behavior even at low Tf ictive. Although the macroscopic G/B ratio
(G = shear modulus, B = bulk modulus) for both alloy classes remains below the
critical value of 0.41 [224, 225] at which the transition from a ductile to brittle behav-
ior is suggested [274], the locally increasing stiffness through the ascending portion
of 3-atom connections in Pd43Cu27Ni10P20 might hamper the formation of multiple
shear bands and increase the sensitivity to crack initiation and propagation.
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FIGURE 5.32: Critical fictive temperature of (a) Pd43Cu27Ni10P20 and
(b) Pt42.5Cu27Ni9.5P21 in an isothermal TTT diagram. Glasses pos-
sessing a Tf ictive lower than the critical fictive temperature for embrit-
tlement, Tcrit

f ictive, do not show ductility in bending experiments. The

Pt42.5Cu27Ni9.5P21 liquid is assumed to possess a Tcrit
f ictive that is 57 K

below the calorimetric Tg measured at 0.333 K s−1 as determined for
the Pt57.3Cu14.6Ni5.3P22.8 alloy composition [176]. τ∗X and τ∗e are the
minimum crystallization and the minimum embrittlement time. Rc
is the critical cooling rate needed to bypass crystallization and Re is
the critical cooling rate below which the sample loses ductility. Al-
though not entirely correct in an isothermal TTT diagram, the con-
tinuous cooling curves visualize the difference between Re and Rc.
The data points in (a) are the isothermal embrittlement time beyond
which the annealed sample possess a Tf ictive below Tcrit

f ictive [176]. Fig-
ure adapted from Ref. [176].
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5.5 Summary and Outlook

The thermophysical properties of different Pt-P-based alloys were determined. Mea-
surements of the specific heat capacity in the supercooled and equilibrium liquid
state revealed a rapidly ascending specific heat capacity upon cooling. This is in
accordance with their kinetically fragile behavior, derived from isothermal viscos-
ity and Tg-shift measurements. Moreover, continuous and isothermal crystallization
experiments at high and low temperatures for the Pt42.5Cu27Ni9.5P21 and Pt60Cu16-
Co2P22 alloy compositions were conducted. The thermophysical properties were
used to model the isothermal crystallization and an extremely high interfacial en-
ergy for the Pt42.5Cu27Ni9.5P21 liquid is determined. As Pt-P-based liquids possess
a kinetically fragile behavior and a large driving force for crystallization, the high
interfacial energy between the liquid and the crystal is considered to be the origin of
the high glass-forming ability compensating the other two contributions. In contrast,
the compositionally similar Pd-P-based liquids are stabilized by a very low driving
force for crystallization, reflected by an entropy of fusion that is approximately half
of that of the Pt-P-based liquids.

From a structural point of view, the large entropy of fusion of the Pt-P-based alloys
points towards a rather disordered structure in the equilibrium liquid. The entropic
surplus is rapidly reduced upon cooling and the structural investigations suggest
the formation of medium range order in the supercooled liquid the extent of which
depends on the Pt content and affects the kinetic fragility. The alloy with the lowest
Pt content, Pt42.5Cu27Ni9.5P21, shows the kinetically strongest behavior and exhibits
a pre-peak in the total-scattering structure function that indicates the existence of a
distinctly pronounced medium range order. The empirical connection between the
structural fragility parameter and the kinetic fragility index confirms the pivotal role
of medium range order in Pt-P-based bulk glass-forming liquids. The comparison of
the Pt42.5Cu27Ni9.5P21 and Pd43Cu27Ni10P20 liquid revealed significant differences.
Beside the differences in the entropy of fusion, the specific heat capacity of Pd-P-
based liquids ascend less rapidly upon cooling. On the other hand, the structural
investigations suggest that different structural units may exist in both alloy families.
Computer simulation on various metallic glass-forming liquids [82] were used as ba-
sis for the interpretation of the structural data. It is concluded that the distribution
of cluster connection schemes evolving upon cooling is distinctly different in Pd-P-
and Pt-P-based liquids. Moreover, it was found that the structural fragility parame-
ter of Pd43Cu27Ni10P20, indicating strong liquid dynamics at low temperatures, does
not coincide with the value of the kinetic fragility. However, at high temperatures
the structural changes on the medium range order length scale of Pt42.5Cu27Ni9.5P21
and Pd43Cu27Ni10P20 resemble each other and indicate a kinetically fragile behavior.
In both liquids, the peak position of the first sharp diffraction peak does not exhibit
a step-like change as commonly observed in metallic liquids exhibiting a fragile to
strong transition [86, 240, 244]. The compositionally, thermodynamically, kinetically
and structurally similarities and differences between the two alloy families suggest
that complex structural changes on different length scales occur upon cooling. Al-
though topologically identical [167, 170], the substitution of Pd by Pt causes pro-
nounced changes in the total-scattering structure function and in the reduced pair
distribution function. These structural differences seem to be responsible for the
varying sensitivity to the annealing induced embrittlement.

The exact nature of the structural differences and how they evolve upon cooling may
only be accessible in computer simulation. Simulations would yield the temperature
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induced evolution of the partial- and total-scattering structure function which can
subsequently be compared to the experimental results. However, the simulation of
complex multicomponent metallic liquids remains difficult and the observable time
scales are still several orders of magnitude smaller than the experimental time scale
in the deeply supercooled liquid [77]. The results of Kumar et al. on annealing in-
duced embrittlement of the Pt- and Pd-P-based alloys [176, 224] have shown that re-
laxation and rejuvenation experiments may be the methods of choice to characterize
the structural differences in the two alloy families. The possibility to gradually sub-
stitute the two elements allows the investigation of the compositional effect on the
relaxation phenomena and on the crystallization behavior. The continuous change
of characteristics in the total-scattering structure function and the reduced pair dis-
tribution function indicate a steady variation in the driving force for crystallization
and the interfacial energy. As both values contribute differently to the crystallization
time, a maximum in the glass-forming ability might be located on the Pt-Pd-axis and
the value for dc of the current record holder Pd42.5Cu30Ni7.5P20 might be exceeded.
The extraordinary thermal stability in the supercooled liquid state, their low liq-
uidus temperature and their noble metal character predestinate the two families for
the fundamental research on bulk metallic glass-forming liquids.
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